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Abstract
The development and characterisation of alloys intended for use in discs in the hot section of
gas turbine engines is presented. Sato et al. [1] discovered a new strengthening phase in Co–
Al–W-base alloys, Co3(Al,W), similar to Ni3Al in Ni-base alloys. This could promise a new
class of alloys. In several publications, this alloy class has been investigated for its viability as a
replacement for Ni-base alloys.
In contrast to the literature, the alloys obtained here are aimed at polycrystal applications for
discs, with good oxidation resistance and lower density. This lead to an increase in the Ni content,
in order to broaden the γ′ phase region and so enable tolerance for Cr, and in order to allow
substitution of (W,Ta) for Al. In the first major results chapter, a series of alloys are examined
and characterised in terms of the microstructures obtained, their γ′ solvus temperature, density,
flow stress and isothermal oxidation resistance.
After initial characterisation, four candidate alloys were chosen and larger ingots were produced
using the powder metallurgy route, with added C, B and Zr grain boundary strengtheners. The
microstructures were found to be stable for 10,000 h at 800℃, with a density of 8.4 to 8.7 g cm−3,
lower than published Co-base alloys. The γ′ solvus (990 to 1010℃) is adequate but an increase
would be beneficial. Compression tests from room temperature up to 900℃ showed that the
alloys have a good strength over a large temperature range. However, the microstructure has to
be optimised. The oxidation behaviour is similar or better than Ni-base alloys currently used
and significantly improved when compared to other γ′ strengthened Co-base alloys. In fatigue
experiments at 650℃ and 99% or 115% of the yield stress, the tested alloys have performed
better than the single crystal Ni-base superalloy CMSX-4. Atom probe experiments have shown
that the matrix mostly consists of Co and Cr, whereas the γ′ precipitates contain high fractions
of Ni, Al, W and Ta.
These results can be utilised when designing further alloys, incorporating solid solution strength-
eners to improve the tensile creep life of the presented alloys, especially at higher temperatures.
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1 Introduction
Progress in aviation is closely related to advancements in aircraft propulsion systems. Piston
engines, used in the early days of flight, are comparatively heavy and do not provide an ad-
vantegeous weight-to-power ratio. The invention of the jet engine vastly improved this ratio.
The efficiency of this type of engine increases with increasing operating temperature. Therefore,
progress of alloys and part production methods led to increasing temperature capability and,
hence, allowed for faster and longer travel whilst improving safety of flight.
A modern commercial jet engine (Fig. 1.1) consists of a fan in the front of the engine followed
by several compressor stages, a combustion chamber and turbine stages connected by shafts.
The fan introduces air into the compressor stages which compress this air into the combustion
chamber. There, it is mixed with fuel and ignited. The hot gas produced travels through the
turbine stages, which extract energy to propel the shafts. The rotation of the shafts powers the
compressor stages as well as the fan. The remainder of the hot gas is ejected from the engine in
a jet, providing thrust. In turbo-fan engines, the fan is considerably larger than the compressor
entry and a large portion of the air by-passes the turbine and creates a significant part of the
thrust.
In the hot-section of the turbine, directly adjacent to the combustor, the energy is extracted
by alternating rows of rotating blades and static vanes. The blades are fixed to discs which are
connected to the shafts. The ceramic coated blades experience very high temperatures, with
the turbine entry temperature usually as high as, or exceeding, their melting point. In these
conditions, creep strength is the most important mechanical property and, therefore, single-
crystalline materials are used.
Discs, on the other hand, experience higher stresses and lower temperatures, especially near
the bore. For this reason, polycrystalline parts are used which provide higher static strength,
but with reduced creep strength.
Blades as well as discs are made of Ni-base superalloys in commercial jet engines currently
used. These alloys offer high strength in combination with environmental stability at elevated
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Figure 1.1: Modern turbo-fan engine, from [2].
temperatures. As mentioned above, the increase in service temperature is crucial for increased
efficiency and, therefore, cost and environmental impact. Since the development of jet engines,
around 1940, the temperature capability of the alloys has increased significantly. In addition,
new production methods (conventional casting, directionally solidification and single-crystal pro-
duction) have allowed for parts to be used at higher temperatures. However in recent years, the
increase in service temperature has reached a plateau which led to the consideration of other
alloy classes.
In 2006, Sato et al. discovered a new phase in the Co–Al–W system [1]; an L12 γ′ phase
with the stoichiometric composition of Co3(Al,W), similar to Ni3Al in Ni-base alloys. This
discovery promised a possible improvement in the temperature capability of jet engines. Co-base
alloys usually exhibit high hot corrosion, oxidation and wear resistance. In addition, the high W
content in the γ′ precipitates slows down their coarsening which would deteriorate the mechanical
properties of the alloys. Early publications by Suzuki et al. [3, 4] have shown that these alloys
exhibit the anomalous flow stress behaviour (increasing strength with increasing temperature)
which is typical for Ni-base superalloys and beneficial for the high temperature strength of these
alloys. However, the presented alloys did not exhibit an acceptable oxidation resistance which is
required for applications at elevated temperatures.
In this thesis, the development and testing of Co-base superalloys for the hot-section discs of
turbine engines is presented, focusing on the microstructural analysis, oxidation behaviour and
2
mechanical properties.
First, several alloys were produced as small ingots, weighing ∼ 50 g to study the influence
of composition on the γ/γ′ microstructure, the γ′ solvus temperature and fraction, density and
strength, Ch. 4.
Four candidate alloys were chosen and larger billets (∼ 5 kg) were produced using the powder
metallurgy route. This ensures compositional homogeneity for all samples which were tested in
isothermal and cyclic oxidation experiments as well as compression, fatigue and creep tests, Ch. 5
(in part published in [5] and [6]).
The aim was to create an alloy which is comparable to Ni-base disc alloys regarding its strength
as well as environmental stability at the desired service temperature of 800℃.
3
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2 Literature review
2.1 High temperature alloys in jet engines
High temperature materials are used in applications such as jet engines, rockets and heat ex-
changers. Even though they exhibit a high resistance to mechanical and chemical degradation
at the operating temperature, which is close to their melting point (TM), the capability of these
alloys limit the efficiency that can be achieved in these applications [7].
When a material is operating at a homologous temperature τ = ToperatingTM (in K) of above
0.6 it is considered a high temperature application. The static mechanical properties, such as
the ultimate tensile strength, must be stable up to the desired operating temperature, and, in
addition, time dependent deformation resistance, or creep resistance, must be high to achieve
low creep rates.
The environment in which these materials operate can be highly corrosive hot gases which
contain significant amounts of sulphur. In addition, the air which passes through the engine can
contain sea water. At these higher temperatures, chemical reactions, such as oxidation, are also
accelerated. This has to be taken into consideration because of the detrimental effect on the life
expectancy [8].
When weight is the most important factor, titanium based alloys are used in the jet engine,
mostly for fan blades, as well as the compressor stages. These alloys can only be used at temper-
atures of up to ∼550℃ due to insufficient oxidation resistance [9].
For lower temperature power generation turbines, ferritic steels are used because of their
adequate strength and corrosion resistance and relatively low cost [10].
Ceramics would offer a great alternative because of their temperature, environmental resistance
and high strength. Unfortunately, the fracture toughness of ceramics is low and therefore lifing
of parts would be unreliable. Zirconia-based ceramics have relatively high toughness and are
hence used for coatings of metal components [8].
The temperature capability of the alloys in the hot section of the jet engine is the determining
5
Figure 2.1: Different materials used in a jet engine [7].
factor for its efficiency. The processes in a gas turbine are similar to the Carnot process which
leads to the efficiency η = 1 − TexitTTET [11]. The turbine entry temperature (TET) is the highest
temperature in the engine. The performance of the jet engine increases with increasing TET.
Another option for increasing the efficiency is to lower the exit temperature, which is harder to
achieve in practice [7].
For jet engines, the TET varies substantially during one flight cycle. It is the greatest during
take-off, is reduced during cruising flight and increases again for the landing. This change in
temperature leads to significant stresses due to thermal expansion. Power generation turbines,
on the other hand, experience very few on-off cycles and are run with a constant load for longer
times which results in a steady TET [12].
Parts in the jet engine are designed using conservative safety factors. This reduces the oc-
currence of failure. Analysis of failed engine parts shows that defects from the manufacturing
process or from damage during service can lead to catastrophic failure. Therefore, the quality
of production has to be as high as possible to avoid failures. Furthermore, inspection and repair
have to be reliable. Design, manufacturing and life estimation have to be combined to reduce
the occurrence of failures [7].
As mentioned previously, creep deformation is a major concern in high temperature applica-
tions. Most materials exhibit steady-state creep which means that, after initial creep deformation,
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an equilibrium of creep hardening (e.g. dislocation multiplication and interaction with obstacles)
and creep softening (e.g. dislocation annihilation and recovery) is reached [13].
2.1.1 Blades
In a jet engine, the turbine blades convert energy from the gas to rotative energy on the shaft
which powers the fan and compressor. The ability to withstand the operating conditions is a
key factor for the overall fuel economy and thrust of the engine. The blades in the high pressure
turbine are closest to the combustion chamber and operate at temperatures which can exceed
the melting point of the alloys used. In addition, the centrifugal stresses are very high because
of tremendous rotation speeds of over 10,000 revolutions per minute resulting in 1200 km/h tip
velocity. These stresses have to be kept as low as possible and a low alloy density is therefore
beneficial. Thus, the benefit of alloying additions which increase the density has to be greater
than the resulting elevated stresses [7].
2.1.2 Discs
Turbine discs are one of the most critical parts of an engine. They can make up to 20% of
the weight of a modern civil turbofan engine and about 10% of its overall cost. The discs hold
the blades in position and transfer the energy, which was extracted by the blades from the hot
gas stream, to transfer it to the shaft which drives the fan and the compressor. The blades are
retained by fir tree shaped joints which are designed to distribute the stresses caused by the
blade over a large volume of the disc [2].
When designing the turbine discs, a balance of properties has to be considered. Their weight
has to be kept at a minimum. Their shape has to be geometrically stable and they must posses
a high mechanical strength to withstand deformation during service. Disc failure has to be
avoided, as this would very likely lead to a failure of the entire engine. Therefore, reliable lifing
of discs is very important. This is usually based on microstructural damage within the disc due
to fatigue crack initiation and enhanced crack propagation caused by simultaneous oxidation and
corrosion [7].
The most severe service conditions in the jet engine are those in the first stage of the high
pressure turbine after the combustion chamber. The rim of the disc is exposed to temperatures
of 650℃ or higher during take-off in civil jet engines. In addition, the high rotational speeds
of around 10,000 rpm in turbofan engines, and up to four times that in helicopter engines, lead
to very high stresses. In the bore region, they can reach up to 1000MPa during take-off, which
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exceeds the uniaxial tensile yield strength of the alloys used. Hence, the energy stored in rotating
discs is significant, which increases the potential damage in a case of failure [7].
The operating conditions are notably different for the bore region and the rim of a turbine disc.
The bore has to withstand higher stresses, but lower temperature, whereas the rim operates at
higher temperatures with lower stresses. The microstructure of the discs has been mostly designed
to resist yielding and low-cycle fatigue in the bore region. Therefore, historically the grain size
and γ′ precipitation was solely optimised for this [14].
In recent years, another approach has been applied, especially for the high pressure turbine
discs. Because of the increasing temperatures in jet engines, the rim of the discs will reach up to
800℃. This increases the need for considering high temperature dwell crack growth and creep
properties of the alloy and the overall microstructural configuration of the discs. These two
opposing requirement sets can be achieved by producing discs with a dual-microstructure via
application of different heat treatments to their inner and outer regions. In practice, the two
regions are separated by a barrier which acts as a heat sink and therefore limits heat transfer
from the super-solvus heated rim region to avoid grain growth near the bore [15].
Another relatively recent change in producing turbine discs is the use of powder metallurgy
instead of wrought alloys. Higher contents of carbon and boron are added to improve the creep
properties of the alloy as well as the formation of carbides and borides. These pin the grain
boundaries and therefore reduce the grain growth [8].
2.1.3 Nozzle guide vanes
Nozzle guide vanes (NGVs), or stators, are non-moving parts which are installed between each
stage of rotating blades. They are designed to use a part of the heat and pressure energy of the
gas stream to guide its flow to improve the energy transfer to the blades. Their shape forces the
gas flow in the direction in which the blades rotate and therefore maximises the efficiency by
increasing the tangential momentum of the gas. NGVs are mounted into the casing, Sec. 2.1.4,
and have to withstand the axial and torque loads caused by the gas stream. The changing
temperature induces thermal stresses into the NGVs, and therefore the casing, which have to be
minimised. To achieve this, the fixtures have a controlled amount of movement which does not
deteriorate the gas and cooling-air flow [2].
NGVs have a complex aerofoil shape to increase the efficiency of the turbine. The shape has
to be designed to be compatible to the design of the compressor and the combustor. NGVs are
hollow and air-cooled in modern civil jet engines (only in the high and intermediate pressure
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turbines) and military jet engines (both high and low pressure turbine). They are manufactured
using investment casting because of the complex geometry that features cooling channels and
holes. The cooling air has a higher pressure than the gas stream. This pushes the cooling air
out through the holes in the NGVs, forming a film of cool air around the NGV which protects
it from the very high temperature of the gas. This is needed because the gas temperature can
be higher than the melting temperature of the material. Because of these challenging conditions,
NGVs in the high and intermediate pressure turbines are made of single crystals and protected
by ceramic thermal barrier coatings [2].
2.1.4 Other components
Apart from the components described thus far additional components are essential for the turbine
engine.
Casing and Structures
The turbine casing encloses the hot gas, which is produced in the combustor, and leads it through
the different turbine stages to the nozzle. It is usually made of forged steel or nickel alloys and
has to be strong enough to withstand the pressure in the turbine as well as the axial and torsional
loads which act on the NGVs. Additionally, it has to stop and contain any parts which may break
off when a failure occurs [2].
Structures connect the casing to shaft enclosures and bearings. They transfer the bearing loads
to the casings and stiffen the turbine. Some of the most important parts are the air seals around
the blade tips. They are usually made of softer material with a honeycomb structure. The blade
tips cut a groove in these seals and create a very good sealing effect. This minimises the leakage
of air around the blade tips. The cutting is controlled and will ensure a tight seal even when the
blade elongates over time because of creep [2].
The casing is cooled by air to control its thermal expansion and hence keeping the gap of the
blade tip air seal constant. This maximises the efficiency because it allows for higher temperatures
and shaft speeds [2].
Combustors
Combustors are pressure vessels in which the fuel burns to transform chemical energy into thermal
energy which can then be used to propel the turbine. Fuel is injected into the combustion chamber,
mixed with air and burned at a temperature of up to 2100℃. The speed of the air flow from the
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compressor has to be reduced from ∼150ms−1 to ∼10ms−1 to produce a stable flame which is
self-sustaining after initial ignition. The temperature of the gas-stream would be too high for the
turbine and, therefore, air is introduced to the gas-stream after combustion to cool it down [2].
In modern gas turbines, an annular combustion chamber is used. These have a single flame tube
between an inner and an outer air casing which guides the air flow. The front of the air casing
is connected to the compressor and the rear of the air casing is connected to the turbine. This
design is favoured over previous ones (multiple combustion chamber system and turbo-annular
combustion chamber) because it is shorter which allows for lower weight and cost of the engine.
In addition, it requires less cooling air and therefore more air can be used for the combustion
process. On the other hand, these combustors are more complex to manufacture and control
of the exit temperature of the gas-stream is more difficult compared to the above mentioned
designs [2].
Typically, the flame tubes are welded from sheet material. They require cooling because of
the high temperatures during combustion. Usually, they are lined with ceramic-coated tiles and
have several cooling holes to produce an air cooling film covering the ceramic tiles [2].
Shafts
Shafts have three functions in a jet engine. First, to transmit torque from the turbine to the
compressor, second, to transmit axial loads to the bearings, and third, to support the disc and
blade assembly. Modern Rolls-Royce civil jet engines have up to three shafts whereas military
engines have two. These shafts rotate concentrically at different speeds. They connect turbine
stages with their corresponding compressor stages. The high pressure shaft rotates fastest and
is the outermost and shortest of the shafts. The intermediate shaft rotates slower and is longer.
The low pressure shaft is the longest, thinest and innermost shaft which is also connected to
the fan blades. It has to transmit the highest loads because the fan blades generate most of the
thrust. Their rotational speeds in a civil engine at take-off are approximately 10,000, 6,000 and
3,000 rpm, respectively. In military applications, with small engine diameters, the rotational
speeds are higher [2].
The shafts are oil cooled and lubricated and mounted in the turbine structure using two or
three bearings. They have to withstand high torque and high temperatures and are usually
manufactured from high strength steel. These are not corrosion resistant and are, therefore,
surface blasted and coated with aluminium epoxy paint. An alternative is the use of nickel-
chromium alloys which are very expensive but have a high fatigue and creep strength as well as
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corrosion resistance [2].
2.2 Processing and manufacturing of superalloy components
The discs of the turbine engine are machined from forgings. There are two manufacturing routes
available to produce the billets for the forging step. The first is conventional ingot metallurgy
during which an alloy is made by vacuum induction melting (VIM), one optional remelting step
using electro-slag remelting (ESR) technology and a final step, vacuum arc remelting (VAR).
This route is referred to as cast-and-wrought which will be described in Sec. 2.2.1 [16].
The second route is powder metallurgy. The alloy produced using VIM is atomised and the
powder created is compressed at elevated temperature to create the billet for the forging, see
Sec. 2.2.2 [17]. The chosen route is based on the composition of the alloy. If it contains low
amounts of strengthening elements, conventional ingot metallurgy is used because of lower pro-
duction costs. Alloys with high amounts of strengthening elements need to be manufactured
using powder metallurgy because segregation in the ingots would be too high. Also, powder
metallurgy is a cleaner method because of the reduced ceramic inclusions. However, it is a more
expensive and complex processing route.
During the early years, blades were also manufactured by forging, after extrusion of a billet.
This limited their geometry and resulted in a large weight, because of solid parts or extensive ma-
chining for their hollow structures. In addition, the advancements in alloy development increased
the difficulty of the forging process because of crack formation [18].
2.2.1 Wrought alloys
The process of ingot production is shown in Fig. 2.2. Vacuum induction melting is always the first
step for disc production. The raw material, pure elements or recycled superalloys, are placed in
a refractory crucible, usually made of ZrO2, MgO, Al2O3 or a combination thereof. The crucible
is heated by copper induction coils. In addition to heating, the induction also stirs the molten
metal and, therefore, the exact parameters of the applied current have to be controlled. During
melting, the crucible is under vacuum and unwanted elements are removed [17]. The molten
alloy is poured into moulds to solidify it.
Because of the vacuum, the amounts of nitrogen and oxygen are reduced. Therefore, fewer
oxides are formed which is highly important for elements such as aluminium, titanium, zirconium
and hafnium. Additionally, undesirable impurity elements with low melting points, such as lead
11
Figure 2.2: Process of turbine disc production using ingot metallurgy [7, 17].
and bismuth, become volatile because of the low pressure in the crucible. The melt contains
these elements because of the use of recycled material. The stirring of the molten metal increases
the removal of these unwanted elements and therefore improves the mechanical properties of the
final parts. The content of sulphur is reduced by adding CaO to the melt. Sulphur and CaO
react and the products float on the surface of the molten alloy. This slag, which also contains
particles of the crucible caused by erosion, is skimmed off the surface before pouring. In addition,
ZrO2-based filters are used [8].
The ingot produced by the VIM process has a high degree of segregation and therefore can
not be forged. In addition, large portions containing pores and cracks had to be removed, which
would waste significant amounts of the material. The amount of ceramic particles is also too
great. Therefore, remelting steps are used. For high purity, ESR is performed before the final
VAR.
Vacuum arc remelting is shown is Fig. 2.3. The electrode is produced by VIM or, in the case
of triple melted alloys, ESR and melts into a water-cooled copper crucible.
The transfer of heat and mass are important parameters for the quality of the produced ingot.
A thin film of molten metal on the electrode forms droplets that fall into the pool of molten alloy
at the anode. This gap has to be constant and can be controlled by a moving ram to achieve a
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Figure 2.3: Details of the molten pool during vacuum arc remelting (VAR) [7].
melting rate of 2-6 kg/min.
The resulting ingot has a higher quality than the stock electrode; the amounts of N, O, Pb
and Bi are reduced again and the segregation of elements is reduced. However, the alloy is not
completely homogenised. Localised depletion of Al, Ti and Nb can occur, which deteriorates
the mechanical properties of the manufactured parts. This can be improved by incorporating an
intermediate remelting step using ESR.
Electro-slag remelting is widely used for secondary melting. It is similar to VAR, having an
electrode which melts and re-solidifies. However, as shown in Fig. 2.4, a molten slag is present
between the electrode and the refined melt, which allows the process to be conducted in air.
The molten droplets from the electrode pass through the slag and react with it chemically which
removes impurities such as oxides and sulphur from the alloy.
Because of the significantly higher resistance of the slag, alternating current is used. The
greatest resistance and, therefore, most heat generation occurs at the interface of the electrode
and the slag. The voltage and current used have to be adjusted for the specific slag composition
and amount. Also, the immersion of the electrode in the slag has to be constant which is controlled
by varying the voltage whereas the amount of melted material is controlled by adjusting the
current. Slag can be added or removed to maintain a constant amount. Its composition is
important for the reaction with the alloy droplets. It is usually based on CaF2 with additions of
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Figure 2.4: Details of the molten pool during electro-slag remelting (ESR) [7].
CaO, MgO and Al2O3.
ESR is more prone to slightly changing the composition of the alloy than VAR, because the
reaction products of the alloy with the slag can be incorporated in the alloy. Also, the slag acts
as a heat reservoir and causes slower cooling, which results in segregation in the ingot. Therefore,
the sequence of methods is VIM, ESR and VAR.
The as-cast structure and the grain size of the ingots is not suitable for forging. Therefore,
billets need to be formed which can be achieved by the cogging process. The ingots get deformed
in the radial direction in several steps at high temperature which promotes significant recrys-
tallisation and therefore reduces the grain size from millimetres to microns. During this step,
the diameter of the ingot is halved and its length quadrupled. Its as-cast microstructure is also
broken down.
The resulting uniform and fine-grained microstructure can be forged. The forging is conducted
in three steps to form a cylindrical billet to a disc shape for machining. First, an open-die
forging step reduces the thickness and increases the diameter of the billet. The next two steps
are performed with closed dies. Step two pre-forms the thinner and thicker sections of the disc
whereas the last step generates the final shape for the machining of the disc. The temperature
during these steps has to be controlled to avoid grain growth.
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After the forging, the parts are heat treated to create the desired microstructure. Lastly,
the forgings are machined in two steps, between which NDI is performed. Using this method,
significant amounts of the material are removed during the machining. The part usually weighs
less than 20% of the forging, Fig. 2.5.
Figure 2.5: Cross-sections of the disc after forging, for inspection and unfinished condition [7].
2.2.2 Powder metallurgy
Powder metallurgy (P/M) was needed because newly developed alloys could not be processed by
the conventional cast-and-wrought route. This method was first used for military engines, but
shortly after incorporated in civil jet engine production [19]. The main advantage of using P/M
is the uniformity of mechanical properties resulting from decreased macro-segregation and finer
grain structure when compared to cast-and-wrought. The disadvantage is the higher cost of this
method.
Producing P/M alloys consists of several steps, see Fig. 2.6. The first is the melting of the raw
alloy using VIM as described in Sec. 2.2.1. This ingot is used for atomisation; the remelted metal
flows through a specially designed ceramic nozzle whilst surrounded by inert gas, usually argon.
Streams of inert gas are directed on the nozzle exit which results in fine spherical droplets with
diameters of 30 to 300µm. The droplets solidify before they reach the outlet of the atomisation
chamber. The alloy powder produced is sieved to ensure a controlled particle size.
The powder particles usually have a thin oxide film on their surface. Therefore the challenge in
producing good quality P/M alloys is to achieve a strong bond across prior particle boundaries.
High temperature, high pressure and mechanical deformation are necessary to achieve this. The
powder is filled into a steel can under vacuum, to de-gas the alloy, and sealed. The subsequent
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Figure 2.6: Processing route of a turbine disc using the powder metallurgy route [7, 17].
high isostatic pressing (HIP) fuses the particles together. These cans are then extruded using
special high-tonnage presses to disperse non-metallic inclusions. Advancements have been made
to replace this last step with a sub-solidus HIP [20].
The produced ingots are deformed by cogging (Sec. 2.2.1) and forging. For P/M alloys, isother-
mal forging is the preferred method. The billet and the die are at the same temperature and the
deformation occurs with very low rates of 0.002 to 0.03 s−1 and high stresses of 50 to 100MPa. Re-
crystallisation can be controlled during isothermal forging whereas conventional cold-die forging
changes the microstructure and promotes grain growth.
Another major advantage of the P/M route compared to the conventional route is the signifi-
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cant reduction in waste of material. Fig. 2.7 shows the shape and weight of the ingots or parts
after each production step for the different routes. P/M requires about a third of the material
of the conventional cast-and-wrought approach to produce the same part, because the initial
geometry is closer to the final shape of the disc [19].
Figure 2.7: Shape and weight of a disc at various steps during different processing routes [19].
First parts produced by P/M were prone to defects which resulted in low fatigue resistance.
This has improved significantly, but defects still occur in these components and intensive quality
control is therefore needed. Reduced quality can be caused by insufficient HIP-ing which leads
to pores and not entirely bonded prior particle boundaries. This deteriorates the mechanical
properties especially in high temperature creep. In addition, residue from former processed
powder can remain in the atomisation chamber and change the local composition of the alloy
and lead to unforeseeable mechanical properties. Therefore, intensive cleaning of the atomisation
chamber between batches of alloys is very important. The most severe problem for these alloys
is the occurrence of ceramic inclusions which usually act as crack initiation sites. Erosion of
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the crucible or the atomisation nozzle is the source of these ceramic particles. Screening of the
powder is necessary and the use of different mesh-size filters removes the over-sized particles
which contain the largest proportion at ceramic inclusions.
It has been shown that the fatigue behaviour of a material is superior when it was produced by
P/M with subsequent HIP and isothermal forging compared to cast-and-wrought technology [21].
2.2.3 Coatings
At high temperatures, alloys degrade chemically and mechanically. The limit for the temperature
for every metal is their melting point which is about 1300℃ for Ni-based alloys. The TET of
modern jet engines at take-off is however about 1500℃. This discrepancy is overcome by the
use of coatings and film cooling which became one of the most important challenges for turbine
engines. Parts would rapidly degrade if used without coating at these temperatures [22].
The alloys must not only maintain mechanical stability, but also possess chemical compatibility
with the coating. Different coating methods are used in jet engines. Diffusion coating, which
enhances the temperature capability the least, overlay coatings and thermal barrier coatings
(TBC) which offer most for improving the temperature capability potential [8, 23].
Diffusion coating is the most commonly used technology. Chemical vapour deposition (CVD)
is applied to coat the alloy with a layer of aluminium. A subsequent heat treatment allows
the diffusion of the aluminium into the substrate which promotes the formation of β-NiAl in
Ni-based alloys and, therefore, creates good adhesion of the coating [24]. In service, a protective
alumina scale is formed, because of the Al-rich surface, which improves the oxidation resistance
of the coated part. Electrodeposition of a thin layer of platinum before the aluminium coating
improves the high temperature oxidation as well as the hot corrosion resistance [25]. The degree
of protection relies on the chemical composition of the substrate in this case. Parts that were
treated with this coating are referred to as aluminide or platinum-aluminide protected.
Overlay coatings offer a better resistance to oxidation and hot corrosion compared to diffusion
coatings, but their cost is higher. Air or vacuum plasma spraying (APS/VPS) [26] or electron
beam physical vapour deposition (EB-PVD) [27] can be used to apply the coating. A chemical
composition of the type MCrAlX is standard for gas turbine applications [28, 29]. The M stands
for Ni or Co, or a combination thereof, and the X is a reactive element, such as Y, Hf or Si, of
which about 0.5wt.% is added. This allows for a high flexibility of coating compositions and
its chemical and mechanical behaviour does not depend on the substrate as much as diffusion
coatings.
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Thermal barrier coatings (TBC) are a different approach to coating and widespread in turbine
engines [30]. A ceramic layer, about 300µm thick, is deposited onto the substrate which acts as
a thermal insulator because of the low thermal conductivity of the ceramic. Therefore, the metal
substrate remains at a lower temperature. The TBC combined with internal cooling channels can
lower the metal temperature by a few 100℃ [31]. Modern TBCs for turbine blades, NGVs and
combustors are based on Zr with about 7wt.% of yttria, called Yttria Stabilised Zirconia (YSZ).
These coatings do not protect against oxygen penetration. The diffusion through the TBC is
fast which allows oxidation beneath the coat. The difference in thermal expansion coefficient
of substrate and TBC leads to thermal stresses and therefore failure caused by spallation. To
overcome these issues, a bond-coat is applied on the substrate before the TBC using diffusion
or overlay-coating [32, 33]. A viable combination of TBC and bond-coat has to be chosen to be
to compatible with the substrate. These bond-coats prolong the life of the TBC which will still
eventually fail. Improving the life of the TBCs is a very important field for jet engines [34].
2.3 Microstructure - property relations in Ni-base superalloys
Base elements for high temperature alloys need to fulfil various requirements. Their melting
point (TM) needs to be high, because it is the absolute limit of the temperature capability. Also,
the ductility of the alloy needs to be high, which is highest in FCC metals compared to other
crystal structures. Alloys with FCC structure are also favoured because a low creep shear strain
rate is desired. It has been shown in [35] that a low volume diffusivity at melting temperature
(DTM), as well as a high activation energy (Qv), are required to achieve this. Both parameters are
better for FCC crystal structures compared to BCC (body-centred cubic) and HCP (hexagonally
closed-packed) [36].
In addition to the mechanical properties, density and cost have to be considered. When looking
at the periodic table, the melting point of elements is highest towards the middle of the d-block
transition metals, and elements with an FCC crystal structure are on the right-hand side of the
transition metals. Platinum group metals (PGMs) are not suitable because of their high cost.
This results in nickel being the most promising base element that can be used in turbine engines.
If crystal structures other than FCC are considered, cobalt is suitable as well but at higher cost.
Therefore, conventional Co-based alloys are used in several applications at lower temperatures.
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2.3.1 Phases
In nickel, the FCC crystal structure is retained up to its melting point of 1455℃, and therefore no
elements have to be added to stabilise it [37]. This phase is referred to as γ. Ni-base superalloys
usually consist of ten or more elements which have complex interactions. Compositions show
a high degree of variation. However, several elements are typically added; higher amounts of
chromium, cobalt, aluminium and titanium and small amounts of boron, zirconium and carbon,
the latter mostly for polycrystalline alloys. In addition, rhenium, tungsten, tantalum, hafnium,
ruthenium, molybdenum and niobium are added. When cost is critical, large amounts of iron
can be used in alloys such as Inconel 718. Most of the elements added are transition metals [8].
The majority of Ni-based superalloys have intermetallic γ′ precipitates in the γ matrix. The γ
matrix has an FCC crystal structure and is mostly continuous. Alloying elements with an atomic
radius similar to that of Ni participate in this phase. These are elements such as Co, Cr, Mo,
Ru and Re. The γ′ phase is coherent with the γ matrix and has a stoichiometric composition of
Ni3Al. Elements with bigger atomic radii, such as Al, Ti and Ta, participate in γ′. Ni-Fe alloys
with high additions of Nb, such as Inconel 718, form a phase similar to γ′ which is called γ′′.
Carbides and borides can also be contained in these alloys. Added carbon combines with Ti, Ta
or Hf to form MC which decomposes to M23C6 and M6C at grain boundaries. These carbides
are rich in Cr, Mo and W. Boron combines with Cr or Mo at grain boundaries to form borides.
Other phases can be present in Ni-based superalloys, however the compositions are tailored to
avoid the formation of these [38], because they adversely affect the properties.
γ matrix
The γ phase can be hardened by several elements such as Cr, Co, Ta and W [38]. In addition,
Cr and Al are important for oxidation and corrosion resistance to form Cr2O3 and Al2O3, re-
spectively. Elements with a similar atomic radius to Ni have a high solubility in the γ matrix;
elements with 100% solubility are Fe, Mn, Co, Cu, Rh, Pd, Ir, Au and Pt [39].
One of the main functions of the γ phase is to provide a stable matrix for γ′ precipitates.
Phase transitions are undesired, because they would lead to inferior high temperature properties
of the alloy. Calculations have shown that the FCC structure is considerably more stable than
any other crystal structure for nickel [40].
Adding elements to nickel changes the liquidus and solidus temperatures of the resulting alloy.
These changes can be significantly different even if adding similar elements, such as W and Ta,
20
which increases and decreases the liquidus and solidus temperatures, respectively [39].
γ′ phase
The Ni-Al system forms several stable phases, Fig. 2.8. All of them posses highly directional
and coherent bonding with an exact stoichiometry, so that the number of Ni and Al atoms per
unit cell is constant. Lower energy Ni-Al bonds are preferred over Ni-Ni and Al-Al bonds, which
leads to strong chemical ordering. Therefore, these phases are called ordered, compared to the
disordered solid-solution γ matrix. The possible phases are Ni3Al, NiAl, Ni2Al3, NiAl3 and
Ni2Al9 [39]. These have very high enthalpy of ordering [41].
Figure 2.8: Equilibrium phase diagram for Al-Ni binary system [39].
Ni3Al is the most important strengthening phase for Ni-based superalloys. Its crystal structure
is similar to FCC with Al atoms on the cube corners and Ni atoms on the face centres, Fig. 2.9.
This crystal structure is called L12. Every Al atom has twelve Ni atoms as nearest neighbours
whereas every Ni has four Al and eight Ni atoms as nearest neighbours.
In most cases, the added elements mostly replace either nickel or aluminium. Smaller atoms,
such as Pt, Co and Cu, substitute for Ni whereas larger atoms, such as Ti, V, Ta and W, replace
Al. Fe, Mn and Cr can replace either of the atoms [42]. These findings were confirmed by
atom probe experiments. Atoms evaporate from a needle-shaped specimen and form ions which
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Figure 2.9: Unit cell showing Ni and Al atoms within the L12 structure [8].
can be detected. The time-of-flight method is used which is influenced by their charge-to-mass
ratio. If the specimen is aligned along the 〈001〉 direction, atoms are evaporated in layers. When
analysing the γ′ phase, alternating layer compositions can be detected. One layer which contains
Ni and Al (top/bottom of the cubic cell) and another consisting only of Ni (face centres) [7].
The γ′ phase is highly stable up to close to the melting point of the alloy. The solvus tempera-
ture can be changed by element additions or impurities [43]. It has been shown that a disordering
effect occurs before melting [44].
The γ′ precipitates are usually cuboidal and all of the crystallographic planes of the L12
precipitates are parallel to the corresponding planes of the FCC matrix if the lattice misfit is
low and therefore γ′ is usually a coherent phase in Ni-based alloys [45]. The coherency is very
important, because it influences the mechanical properties of the alloy. The lattice misfit δ is
defined as
δ =
2(aγ′ − aγ)
aγ′ + aγ
, (2.1)
where aγ′ and aγ are the lattice parameters of γ′ and γ, respectively. A positive misfit represents
a larger lattice parameter for γ′ compared to γ. Typical values at room temperature are aγ′ =
3.570Å and aγ = 3.517Å [7].
Additions of most relevant elements to the alloy increase the lattice parameters of both phases,
see equations 2.2 and 2.3. The change of the lattice misfit depends on which phase the added
element partitions to and on how strong the influence of the lattice change for that phase is [46].
As mentioned above, the γ′ precipitates in commercial Ni-based alloys are usually cuboidal,
but their shape changes during ageing, Fig. 2.10. Smallest precipitates are spherical and grow
into cubes to minimise coherency strains. If aged further, each cube corner starts to nucleate
cubes. This can repeat during the ageing process. This morphology change is not influenced by
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the direction of the misfit but the magnitude is important. The higher the magnitude of the
misfit, the faster the morphology change occurs [47].
Figure 2.10: Schematic diagram of the growth of γ′ precipitates. left: projection along 〈111〉,
right: projection along 〈001〉 [47].
To minimise the γ/γ′ interfacial energy and, therefore, slow coarsening of the γ′ precipitates,
the lattice misfit has to be small. As an approximation for the lattice parameters of both phases,
the following equations can be used for γ:
aγ = 3.524+0.110x
γ
Cr +0.478x
γ
Mo +0.444x
γ
W +0.441x
γ
Re +0.179x
γ
Al +0.442x
γ
Ti +0.700x
γ
Ta, (2.2)
and for γ′:
aγ′ = 3.570− 0.004xγ
′
Cr + 0.208x
γ′
Mo + 0.194x
γ′
W + 0.262x
γ′
Re + 0.258x
γ′
Ti + 0.500x
γ′
Ta [46]. (2.3)
The misfit influences the shape of the γ′ precipitates. A misfit of δ < 0.5% results in cuboidal
precipitates with sharp corners, whereas δ > 0.5% leads to spherical precipitates [48]. In addition
to the added elements, temperature also changes the lattice parameters of γ and γ′ in different
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magnitudes. γ′ expands less than γ and, therefore, the misfit becomes "more negative" with
increasing temperature [49].
The misfit of the lattice parameters of the two phases results in coherency stresses even when
no external stresses act on the material. These stresses, in turn, influence the lattice parameters
and lower the actual misfit [50]. Therefore, the measured lattice parameters are "constrained"
values.
These coherency stresses are beneficial to the creep strength for an alloy with a negative lattice
misfit. External stresses are superimposed on the coherency stresses and therefore the resulting
stress in tension in the γ channels is reduced for negative coherency stresses [49].
The desired volume fraction of γ′ depends on the application of the produced alloy. For
discs, a volume fraction of 40 to 55% is mostly used, whereas blades contain volume fraction of
around 70% γ′ [7]. The difference of volume fraction is caused by the production route for discs
and blades. For blades, produced by casting, the γ′ fraction can be optimised to achieve best
mechanical properties, whereas for discs, needing a forging step, the amount of strengthening
phase has to be limited to avoid cracking during forging.
Several mechanical properties of an alloy are strongly influenced by the amount of γ′ or γ′′,
which depends on the amounts of γ′/γ′′ forming elements. Some of these properties are the low
and high temperature yield strength, as well as the creep performance. Al, Ti and Nb are most
influential in increasing the γ′ volume fraction in an alloy. In addition, the ratio of Ti/Al is
important, as higher ratios are beneficial for properties such as the yield strength [51, 52].
The size of the γ′ precipitates is very important for inhibiting dislocation movement in the
alloy, Sec. 2.3.5. Apart from the chemical composition, the heat treatment of a part is crucial
for the γ′ morphology. Heat treatment below the γ′ solvus (sub-solvus) temperature dissolves
most of the γ′, but some bigger precipitates do not dissolve, then called primary γ′. These
particles inhibit the grain growth in polycrystalline alloys, whereas super-solvus heat treatments;
i.e. above the γ′ solvus temperature, dissolve all precipitates which results in coarser γ grains.
The overall γ′ morphology is complex and is shown in Fig. 2.11 for disc alloys. Primary γ′, if
present, has a size of 1 to 10µm and is situated between the γ grains of the alloy. Secondary and
tertiary γ′ precipitates are intragranular and precipitate from γ during cooling. Secondary γ′
form at higher temperature during cooling from the solution heat treatment, or homogenisation,
and grow during the subsequent ageing step to 70 to 120 nm, whereas the tertiary γ′ form at low
temperature during cooling and grow during ageing to a size of 15 to 50 nm [53].
Heat treatment temperatures and durations need to be optimised for the alloy to attain the
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Figure 2.11: γ′ morphology showing primary, secondary and tertiary precipitates [53].
desired mechanical properties. The nucleation and growth of the various γ′ precipitates is de-
pendent on the temperature. For example, if the homogenisation temperature is above the γ′
solvus, which dissolves the primary precipitates, more γ′ forming elements are available to form
secondary and tertiary precipitates. Dwell-time fatigue crack propagation is heavily influenced
by the γ′ morphology. A larger mean size of tertiary γ′ precipitates offers better resistance to
dwell-time crack growth. It is proposed that this is due to an increased ability of relaxing the
stress at the crack tip [54]. However, as mentioned above, changing the γ′ morphology can also
change the grain size.
At high temperatures in combination with high stresses, creep deformation on the microscopic
scale occurs only within the γ channels between the γ′ precipitates. The dislocations do not
travel through the γ′ precipitates, Sec. 2.3.5. Because creep behaviour is most important for
turbine blades, the amount of γ matrix has to be as low as possible, and therefore the γ′ fraction
needs to be high. Most desirable is a morphology with many small γ′ precipitates separated by
these γ channels [7].
However, the creep performance does not scale proportionally with the γ′ content. The best
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creep behaviour is achieved at a γ′ volume fraction of about 70% which offers the highest amount
of γ/γ′ interfaces [55].
To produce a pure Ni-Al alloy with a γ′ volume fraction of 70% (fγ′ = 0.7, fγ = 0.3), the
aluminium content can be estimated. The solubility of aluminium in Nickel is around 10 at.%
(sγ = 0.1) and γ′ contains 25 at.% aluminium (sγ′ = 0.25). Therefore, for γ: fγ · sγ = 0.3 · 0.1 =
0.03 and for γ′: fγ′ · sγ′ = 0.7 · 0.25 = 0.175, so overall 20.5 at.% aluminium is needed. Modern
alloys contain about half of this. However, other elements, such as Ti and Ta, partition to the γ′
precipitates, replacing some of the aluminium. The right balance of γ and γ′ forming elements
is added to achieve an optimal γ′ volume fraction as well as high solid solution strength.
The temperature difference between γ′ solvus and the solidus temperature is called the solu-
tion window. In this temperature range, γ is the only stable phase. Cast parts need to be heat
treated within this window to homogenise the alloy. It is required after solidification because
casting causes micro-segregation as well as eutectic reactions. These are usually rich in γ′ form-
ing elements which need to be distributed evenly throughout the alloy to ensure homogeneous
mechanical properties. The solution temperature range has to be wide enough to achieve a ho-
mogenised microstructure, but it is lower with higher amounts of γ′ formers in the alloy, due to
the lower melting point of the last-to-solidify interdendritic material that these induce.
Other phases
Other phases can occur in Ni-based superalloys. As mentioned above, γ′′ forms in Ni alloys
with high Fe and Nb contents. It has a body-centred tetragonal (BCT) ordered crystal structure
with a stoichiometric composition of approximately Ni3Nb, called D022 (Fig. 2.12). The lattice
parameters in Inconel 718 are c = 0.740 nm and a = 0.362 nm [8]. The microstructure is similar
to γ′ which gives this phase its name. The crystal planes are aligned with the planes of the FCC
matrix. The precipitates are shaped like discs and are often coherent with the matrix. This is
used as the main strengthening mechanism in Inconel 718, a polycrystalline cast-and-wrought
alloy, because of high coherency strains in the alloy which result in good deformation resistance
at comparatively low cost. This alloy can be used up to 650℃, above which the formation of
incoherent δ phase is promoted. The δ phase deteriorates the mechanical properties of the alloy,
but small amounts can be used to avoid grain growth during forging [56, 57].
Phases whose formation is usually avoided are TCP (topologically closed-packed) phases. The
formation of these intermetallics is promoted by high amounts of Cr, Mo, W and Re [58]. They are
very densely packed and exhibit some non-metallic directional bonding. Their crystal structure
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Figure 2.12: Unit cell showing Ni and Nb atoms within the D022 structure [7].
is complex and features Kasper co-ordination polyhedra which leads to their name [59]. Often,
they are composed of two elements, AxBy, from opposite ends of the transition metals in the
periodic table [59]. Some TCP phases are given in Tab. 2.1, however, their stoichiometry can
vary significantly.
Table 2.1: Properties of some TCP phases [7].
Phase stoichiometric crystal No. of example
composition structure atoms composition
µ A6B7 rhombohedral 13 W6Co7
σ A2B tetragonal 30 Re67Mo33
P primitive othorhombic 56 Cr18Mo42Ni40
R rhombohedral 53 Fe52Mn16Mo32
Carbides and borides can be found in polycrystalline alloys. Depending on the composition of
the alloy and the processing route, various types can form. Some of the types are MC, M23C6,
M6C, M7C3 and M3B2. The metallic element is these particles is often Cr, Mo, Ti, Ta or Hf.
MC forms directly from the liquid and can be found in the interdendritic region of an alloy and
exhibits no fixed orientation relationship with the matrix. It can occur in different geometric
shapes [60]. M23C6 forms at lower temperature during service and is Cr rich. MC reacts with the
γ matrix to form M23C6 and γ′. These particles precipitate mainly at grain boundaries and have
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a crystal structure similar to δ with additional C atoms. Therefore, δ can form from carbides in
some polycrystalline disc alloys [58].
2.3.2 Grain size and grain boundary strengthening
In addition to the γ′ microstructure, the grain size is important because it influences the mechan-
ical properties of the manufactured part greatly. The various parts of the turbine have different
requirements (Sec. 2.1), and therefore their desired grain size varies. Fig. 2.13 shows the change
of some mechanical properties depending on grain size. Static tensile strength and LCF life are
optimal when grain sizes are small, whereas creep properties and dwell crack growth are superior
at larger grain sizes [9].
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Figure 2.13: Change of mechanical properties with varying grain size, after [9].
These trends have been shown in various publications. Bain et al. [61] tested Udimet 720 with
different grain sizes of 19, 90, 127 and 360µm. In addition to the grain size, the γ′ microstructure
was slightly different. The 19µm alloy exhibited a room temperature yield strength of 1200MPa
which decreased to 1000MPa for the 360µm alloy. Strain-controlled LCF tests on polished
samples with R = 0 and f = 0.33Hz showed that the LCF life is one order of magnitude longer
for the fine grained material.
The authors also performed constant load creep tests at 700℃ and 690MPa. The coarse grain
material failed after 600 h, whereas the fine grain alloy failed after 200 h. The fatigue crack
growth was tested in air at 650℃, R = 0.05 and f = 3.3Hz with a 5min dwell at maximum load.
The samples with a grain size of 360µm exhibited a crack growth rate two orders of magnitude
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lower than the fine grained samples. Similarly, creep tests on NR3 [62] in a super-solvus forged,
coarse grain and a sub-solvus forged, fine grain condition were performed at 750℃ and 300MPa.
It was shown that the minimum creep rate for the coarse grain samples was about one order of
magnitude lower compared to the fine grain samples.
Because of the higher temperatures and lower loads, blades are produced as single crystals
which is most beneficial for the creep performance of the parts. However, turbine discs have
different property requirements in the rim and bore sections. The bore region experiences
higher stresses and lower temperature whereas the rim experiences higher temperatures and
lower stresses. Overall, the operating temperature is lower for discs compared to blades and,
therefore, creep has not been considered to be significant. A commonly used grain size for disc
alloys is 30 to 50µm [7].
Because of the increasing service temperatures in a turbine, the creep resistance of disc al-
loys needs to be considered, especially for the rim region. Therefore, dual-microstructure heat
treatments are used to meet the opposing requirements for bore and rim.
The inferior creep performance of fine grained materials is linked to the softening of the grain
boundaries at higher temperatures. To limit this, elements such as carbon and boron can be
added to polycrystalline or directionally solidified alloys in small quantities. These elements are
dissolved within the matrix and will diffuse to the grain boundaries to improve their strength [7].
This is beneficial for the creep rupture strength, creep ductility and the LCF behaviour. Alloys
for single crystal blades do not contain carbon and boron to avoid detrimental effects, such as
eutectic reactions during solidification.
The amount of these elements has to be restricted to low levels under the solution limit,
otherwise the formation of carbides and borides is promoted which is ineffective and can be
detrimental to the mechanical properties. Values of approximately 0.03wt.%B and 0.025wt.%C
are the optimum additions [7]. The elements migrate to the grain boundaries where they form
a thin layer between grains. Other elements, such as zirconium, can also improve the grain
boundary strength. It reacts with elements that are deleterious to the mechanical properties
of the alloys, such as sulphur and phosphorus. However, the exact mechanisms are not fully
understood [63].
Garosshen et al. [64] conducted creep experiments which support the beneficial effect of grain
boundary strengtheners. They tested an alloy (Ni-19Co-12.5Cr-5Al-4.4Ti-3.3Mo in wt.%) with
additions of 0.02wt.% B, 0.05wt.% Zr and 0.003wt.% C. These additions improved the creep
rupture life at 732℃ and 655MPa from less than 0.1 h to 69 h. Increasing the C content to
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0.06wt.% did not increase the life of the samples. Having a B content above 0.02wt.% was
slightly detrimental, because it promoted the formation of intergranular M3B2. This shows that
the strengthening effect does not rely on formation of borides and carbides.
Jain et al. [65] performed LCF tests using Udimet 720Li, produced by P/M, with additions
of 0.025wt.% C, up to 0.04wt.% B, 0.035wt.% to 0.070wt.% Zr and 0 to 0.75wt.% Hf. The
tests were conducted at 425 and 650℃ with two different grain sizes. As a comparison, un-doped
Udimet 720Li, produced by the cast-and-wrought method, was tested. The experiments showed
that the addition of grain boundary strengtheners is beneficial to the LCF life and can improve
it by at least 50%.
Blavette et al. [66] used field-ion microscopy in conjunction with atom probe tomography on the
P/M alloy N18 to verify the position of the grain boundary strengtheners within the alloy. They
reported local concentration of these elements up to ten times higher than the bulk composition.
A similar effect could be observed at incoherent γ/γ′ interfaces.
2.3.3 High temperature corrosion
High temperature corrosion refers to any reaction of a material with its environment that occurs
without a hydrous electrolyte. Important types of the high temperature corrosion are
• Oxidation,
• Carburisation,
• Nitriation and
• Sulphidation.
These reactions are not independent from one another and can occur simultaneously. When
the entire surface is covered by a reaction product, it is called a scale. The most important
types of corrosion for turbine engines are oxidation and sulphidation which are described in the
following section.
Oxidation
Oxidation is the reaction of metal with surrounding oxygen, although the chemical definition is
"loss of electrons". This kind of corrosion is highly important for high temperature applications
such as turbine engines, because they are primarily used in air. The development of dense and
stable oxide scales is mandatory for a long service life. Oxidation behaviour can be divided into
isothermal oxidation and cyclic oxidation.
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Isothermal Oxidation
Isothermal oxidation occurs in thermally invariant environments. The temperature as well as the
type of the surrounding gas are constant during the whole service life or experiment. Oxidation
causes a change in the mass of the samples, most commonly a weight gain due to the integration
of oxygen atoms in the material. Components can also lose weight because of spallation of oxide
scales and the formation of volatile or fluid oxides. The different types of weight change behaviour
of metals are:
• logarithmic weight gain,
• parabolic weight gain,
• linear weight gain,
• weight loss and
• breakaway oxidation [37].
linear
parabolic
breakaway oxidation
linear weight loss
t 
∆m
A 
Figure 2.14: Different mechanisms of weight change behaviour for the isothermal oxidation. The
curve for the breakaway oxidation also includes spalled component parts, after [37].
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The logarithmic growth of the oxide is the typical oxidation mechanism at temperatures below
500℃ and, therefore, is not relevant for elevated temperatures.
The most desirable growth behaviour for high temperature applications is parabolic oxidation.
The oxidation process is relatively fast at the beginning but slows down quickly, Fig. 2.14. The
oxidation does not stop entirely, but the growth rate decreases with time, since the oxidation
scale is protecting the material from further oxidation.
The parabolic oxidation law is:(
∆m
A
)2
= kpt, (2.4)
with the weight gain ∆m, the sample surface area A and the normalised parabolic oxidation
constant kp which depends on the diffusion through the scale [37].
For applications at high temperatures, a parabolic oxidation behaviour with a kp value as small
as possible is desirable. At temperatures above 1000℃ only Al2O3 forms a stable oxide layer
with an acceptably small growth rate in superalloys. Many other oxides either grow too fast or
are volatile.
Linear weight gain (Fig. 2.14) is observed in the case of tantalum and niobium. During the
oxidation process, small amounts of the scale spall off and new metal is exposed to the oxidising
environment. This exposed metal oxidises which heals the scale and the whole oxide is adhered
to the base material.
In case of excessive oxide spallation or when the oxides are volatile or liquid, weight loss
occurs during oxidation, which is usually linear. Elements, such as tungsten, molybdenum and
chromium, form volatile oxides in high temperature environments. Chromium is often used to
form protective scales. However, above 1000℃ and with higher partial pressure of oxygen, the
gaseous CrO3 is formed. This effect is enhanced with an increase of the flow speed which occurs
in turbines.
In order to achieve a mathematical approximation of the aforementioned oxidation mechanism,
the Pilling-Bedworth ratio can be used. It describes the volume of the oxide formed compared
to the volume of the base material:
RPB =
(
Voxide
Vmetal
)
[37]. (2.5)
For an ideal oxide, RPB should be equal to 1 which is not observed for any existing material.
An RPB <1 means that the volume of the forming oxide is smaller than the volume of the metal
from which it was formed. In this case, tensile stresses in the oxide layer result at ambient
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temperatures. If these stresses increase, cracks can form and the scale loses its protective effect.
This oxide behaviour mostly occurs with alkali metals and alkaline earth metals.
When RPB >1, the oxide scale experiences compressive stresses. Such stresses keep micro-
cracks closed and, thus the metal is protected. Above RPB =2, the increased compression stresses
result in de-lamination and spallation of the scale. Therefore, metallic surface is exposed to the
environment which accelerates the oxidation process. An RPB between 1 and 2 represents the
formation of an adherent and closed oxide scale. All relevant oxides on superalloys should behave
that way. However, the Pilling-Bedworth ratio is not the only parameter to consider.
The oxide scale can either grow at the interface between metal and oxide or on top of the oxide.
The location and rate of the oxide scale growth depend on the diffusion rate of the reacting species.
If the oxygen ions diffuse faster than the metal ions, the growth will occur between the metal
and the oxide. If the metal ions diffuse faster, the oxide will form on the surface of the existing
oxide layer. If the electrons are the slowest particles, the location of the growth will be as above.
However, the electron migration will be the rate controlling step.
For the oxidation kinetics, the temperature is the controlling parameter. The higher the tem-
perature, the higher the diffusion rate, therefore, the service temperature compared to the melting
point of the oxide should be as low as possible. The important oxides Al2O3 (TM =2053℃) and
Cr2O3 (TM =2435℃) have relatively high melting points.
However, not all oxides with a high melting point offer sufficient protection. For example, NiO
(TM =1990℃) has a comparatively high growth rate, and spallation of the scale occurs relatively
fast.
An additional important aspect are the defects in the lattice of the oxides. In most oxides
the oxygen atoms form a FCC or HCP structure in which metal atoms are interstitially located.
Possible defects are metal cation vacancies, oxygen anion vacancies, metal interstitials (additional
positions occupied by metal atoms) and oxygen interstitials (additional positions occupied by
oxygen atoms).
Due to these defects, a modification of the stoichiometric composition of the oxides occurs
and the diffusion rate is proportional to the point defect density within the oxides. Both of
the technically important oxides Al2O3 and Cr2O3 have fewer defects than most oxides and, as
mentioned above, a high melting point which is the reason for their stability at high temperatures.
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Oxidation of Alloys
The oxidation of alloys is different from oxidation of pure metals. Various elements are present
in an alloy whose oxygen affinity and diffusion rate can differ.
In a schematic binary system A-B, with A as the base element and B as the minor element,
a scale of BxOy can be formed. The phenomenon of selective oxidation results in a depletion of
element B beneath the oxide layer. This behaviour occurs if BxOy is thermodynamically more
stable than AxOy. Furthermore, the fraction of the reacting element has to be high enough to
provide a continuous oxide formation and the diffusion rate needs to be high, so that the amount
of B-atoms at the alloy/oxide interface can always remain sufficient.
Figure 2.15: Concentration profiles for internal oxidation of A–B [67].
If these requirements are not met, the alloy forms a predominantly A-rich oxide. Oxides
formed with element B can also be incorporated in an A-oxide layer. The formed oxides reduce
the partial pressure of oxygen within the material and if this reduction is sufficient, internal
oxidation occurs [8].
Fig. 2.15 shows the concentration profiles for internal oxidation of A–B [67]. Atomic oxygen
diffuses from the surface (x = 0) and combines with B at x = X, forming BOν precipitates.
Assuming the oxide is stable, the solubilities of oxygen and B are zero at x = X. This leads to
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the penetration depth of the internal oxidation:
X =
(
2N (S)O DO
νN
(O)
B
t
)0.5
[67], (2.6)
where N (S)O is the oxygen solubility in A, DO is the oxygen diffusivity in A, ν is the stoichiometric
factor, N (O)B is the initial solute concentration and t is time.
In alloys, different types of oxides can form in layers. This can lead to complex oxide con-
figurations, for example in superalloys. The process is well understood for the ternary systems
Fe-Cr-Al and Ni-Cr-Al and could be transferred to similar systems, such as Co-Cr-Al. At tem-
peratures of 1000℃ and above, the formation of Al2O3 is desired. Chromium does not provide
high temperature oxidation protection because of the volatile chromium oxide (CrO3) which is
formed at those temperatures.
In the binary Ni-Al system, for example, at least 20wt.-% of aluminium is necessary to form
a continuous layer of Al2O3. Otherwise, a NiO layer is formed, which does not act as a diffusion
barrier for oxygen into the material and therefore leads to internal oxidation of aluminium. This
reduces the content of aluminium available for the formation of a continuous scale.
The fraction of aluminium in the alloy can be reduced to about 5wt.-% if the chromium content
is 10wt.-% (Fig. 2.16). This is due to the three-step formation mechanism which occurs in these
ternary alloys, achieving a stable state. At first, a scale of NiO and Ni-rich spinel forms on the
surface of the material which reduces the partial pressure of oxygen in the metal. This leads to
the formation of a layer of Cr2O3 underneath the Ni-rich scale because chromia is the dominant
oxide under these conditions [68, 69].
The Cr2O3 layer reduces the diffusion of oxygen into the alloy; chromium is binding the oxygen
and acts as a getter which prevents the internal oxidation of aluminium. Due to this process,
a slow formation of Al2O3 is induced. As soon as a dense Al2O3 layer has been formed, the
diffusion of metal ions to the oxides is stopped, and therefore the oxidation process slows down.
In that state, it is controlled by the formation of Al2O3.
Cyclic Oxidation
In most applications, the temperature is not constant during the entire service life. Therefore, the
cyclic oxidation behaviour of a material has to be considered. A material that exhibits a parabolic
weight gain behaviour under isothermal conditions will typically show the same behaviour under
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Figure 2.16: Oxidation map for isothermal oxidation of the ternary system Ni-Cr-Al at 1000℃.
It shows which oxides will be formed for different alloy compositions, after [69].
cyclic conditions during the first cycles. However, the thermal mismatch stress in the scale
increases with increasing number of cycles (oxide thickness, time), and after some time, the mass
of the samples or components can decrease due to spallation.
Cyclic oxidation behaviour is influenced by several material properties and service conditions.
Large temperature differences and high rates of change increase the thermal stresses in the scale.
The difference in the CTE (coefficient of thermal expansion) of the metal and the oxide need to
be similar to avoid stresses during temperature changes. Thicker oxide scales have an insulation
effect but stresses are increased. Ductility of the scale as well as the capability of rebuilding
the scale after spallation is important for cyclic oxidation. In addition, the geometry of the
components can lead to higher stresses and spallation of the oxide.
The best protection under thermo-cyclic conditions is provided by Cr2O3, below 1000℃,
and/or Al2O3. To achieve the same protection as under isothermal conditions, the concentration
of the elements that form the scale has to be significantly higher [37].
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Adhesion of the Scale
Parabolic growth of the scale during cyclic oxidation can only be ensured if the oxide is adhered
to the metal and no spallation occurs. Spallation can be caused by residual stresses and the
porosity at the oxide/metal interface.
Residual stresses develop because of an RPB 6= 1 and the difference between the CTE of
the metal (αth,m) and the oxide (αth,o). In superalloys the ratio of these two CTEs is usually:
αth,m = 2 ·αth,o. The porosity is caused by metal ion diffusion to the surface of the oxide, which
forms voids at the interface. Thereby, the total area is reduced and stress peaks are generated.
The adhesion of the scale can be enhanced by adding reactive elements to the alloy. These
elements, such as yttrium, zirconium or hafnium, are only used in small amounts (0.1 to 1wt.-%).
The mechanism for increased adhesion is not yet fully understood. There are different theories
for the effect of active elements.
It is possible that the pegging effect of oxides, which grow partly in the metal substrate, creates
mechanical adhesion [70]. Another theory suggests that these active elements may accelerate the
diffusion of the oxygen ions, which favours the growth of the scale directly on the metal-oxide
interface, thereby avoiding the formation of pores [71]. The active elements also have an affinity
for sulphur which is bonded by chemical reaction, and thus the weakening effect of this element
is eliminated [72, 73].
The adhesion of the scale is also influenced by the ductility of the oxide layer [74]. Oxides are
mostly brittle and the creep rates of the technically important oxides, Cr2O3 and Al2O3 are very
low. However, the scales do not crack macroscopically if the strain rate is low enough. In this
case, the oxides can heal the micro-cracks by regrowth of the scale, and therefore the protective
effect of the scale is retained.
Sulphidation
The mechanism of sulphidation is similar to oxidation, but the reaction is much faster. The
growth of the sulphide layer is theoretically parabolic. However, the porosity of the scale is
very high and sulphidation is accelerated. Most of the sulphides have a high RPB which leads
to excessive spallation of the formed layer. The fast growth of the sulphide layers compared to
oxide layers is caused by the increased mobility of ions. The main elements which react with
sulphur are chromium, aluminium, manganese and titanium. Therefore, these elements are not
available to form a protective oxide layer [37].
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2.3.4 Coatings
As described in Sec. 2.2.3, three types of coatings are used for turbine engines; TBCs, overlay
coatings and diffusion coatings.
The efficiency of TBCs depends on the thermal conductivity of the ceramic used. ZrO2 has
a very low conductivity of about 2W·(mK)−1, which is not temperature dependent [31, 75].
Because of this beneficial behaviour, it is the most commonly used material for TBCs. Usually,
ZrO2 has additions of 6 to 11wt.% of yttria (Y2O3), but 7wt.% is mostly used; burner rig tests
have shown that this composition provides the most cycles to failure [76].
When zirconia is cooled, a phase transformation occurs which is associated with a volume
change of 4%, which would be detrimental during thermal cycling. This can be avoided by the
addition of 7wt.% yttria, and instead, a metastable phase, t′, is formed [39]. These TBCs can
be used in service only up to 1200℃, because prolonged exposure to higher temperatures would
promote the formation of the stable t phase which changes volume during cooling [77]. The
exposure also has a sintering effect which increases the elastic modulus of the TBC [78].
Therefore, new TBC systems were developed. Instead of yttria additions, 25wt.% of CeO2
is used to stabilise zirconia. These coatings can be used up to 1400℃, for shorter periods to
1600℃ [79]. A fraction of the yttria can also be replaced by Sc2O3, which allows the TBC to
withstand service temperatures up to 1400℃ [80, 81].
An alternative approach is the use of a different base ceramic for the TBC. La2Zr2O7, having
a low thermal conductivity of 1.6W·(mK)−1, high thermal stability and thermal shock resis-
tance [82, 83], and HfO2 with additions of 27wt.% Y2O3 [84] are two examples. These are not
yet used regularly in service [7].
Overlay coatings are of the type MCrAlX and therefore metallic coatings. Their compositions
are independent of the substrate composition. A widely used example is Co-25Cr-14Al-0.5Y (in
wt.%) which offers superior hot-corrosion resistance [23]. Various other additions are used, such
as Si, Ta, Hf, Pt, Pd, Ru and Re [85, 86, 87]. These coatings are also used as bond-coats for
TBCs and need to offer oxidation resistance which is not provided by the TBC. NiCrAlY types
are often used for Ni-based superalloys, the oxidation behaviour of which has been discussed in
Sec. 2.3.3. These alloys usually contain very small additions of Cr and, therefore, a NiCrAlY
coating can support the formation of a protective oxide layer [68, 69].
These overlay coating can change the mechanical performance of the components [88] and
they usually posses a lower high temperature strength than their substrate. When exposed to
38
a corrosive environment, these coatings can improve the creep life of samples substantially, but
can also reduce their LCF life [22]. The behaviour depends on the brittleness of the coating as
well as the formation of pores and surface roughness during the coating process. The corrosion
resistance is also a controlling parameter for the life of the coated parts [89].
Diffusion coatings, or aluminide coatings, are prone to degradation during service because of
the interdiffusion of the β-NiAl phase with the substrate. The aluminium content of the coat is
reduced over time, which promotes the formation of γ′ over the β phase. In addition, β transforms
martensitically to β′ [90]. This interdiffusion also changes the microstructure underneath the IDZ
(interdiffusion zone); needle-shaped γ and the topologically closed-packed P phase precipitate in
a γ′ matrix [91, 92]. Surface processing before coating influences this reaction; stresses, caused
by shot-peening, can be beneficial for avoiding this [91].
When the Al content in the scale drops below, 40%, NiAl2O4 forms instead of Al2O3 during
oxidation which spalls off easily [93, 94]. The adhesion of the coating can be improved by addition
of reactive elements [95, 96]. The addition of Pt also avoids the formation of Ni-rich oxides [94].
2.3.5 Defects in and strengthening of Ni-based alloys
The mechanical performance of an alloy depends on its microstructure which is controlled by its
composition and the processing route, as well as by the occurrence of defects, their types and
their concentrations.
No bulk metal or alloy has a perfect crystal structure. Defects are common in these materials.
They are slight imperfections in the lattice periodicity and three types exist:
• planar defects such as stacking faults,
• linear defects such as dislocations and
• point defects such as vacancies, interstitials or anti-site defects [97].
It has been discussed previously that different types of deformation can occur in an alloy. In
addition to time-independent properties, such as yield strength and ultimate tensile strength,
time-dependent creep strength is crucial at elevated temperature, for example in jet engines. In
this case, the plastic deformation accumulates over time and can lead to macroscopic deformation
without change in load. Turbine blades operating a very high temperatures and high rotational
speeds need to be creep resistant to limit damage and elongation. In these alloys, the time-
independent as well as the time-dependent mechanical properties can be improved either by
precipitation strengthening with γ′ or by solution strengthening of the γ matrix.
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Defects in and strengthening of γ
The γ matrix consists of close-packed planes which are stacked periodically with the sequence of
...ABCABC... . The lattice vector (distance between the centres of two atoms on the faces of
the cubic cell) is a/
√
2. Therefore, two adjacent planes are offset by a/
√
6 and have a distance
of a/
√
3 between them.
The planar defects, or stacking faults, are a fault in the stacking sequence [98]. Two different
cases are possible. A missing plane, called an intrinsic stacking fault (ISF), which leads to a local
HCP structure of two adjacent planes: ...ABCACABC... . On the other hand, an added plane
results in the formation of an extrinsic stacking fault (ESF) which leads to ...ABCACBCABC...
. This configuration has again two HCP planes but these are separated by an FCC plane and,
thus, have a distance of 2a/
√
3 from each other.
Dislocations are line defects in the lattice. Depending on the crystal structure, different slip
systems (slip plane and direction) are possible and the number of these are an indicator if a
material is ductile. FCC metals have 12 slip systems (4 planes with 3 directions each) and are
therefore ductile. These systems are denoted by a/2〈110〉{111} describing the length, direction
and plane of the dislocations. However, microscopically dislocations of this type consist of two
partial dislocations: a/2〈110〉{1¯11} → a/6〈211〉{1¯11}+ a/6〈121¯〉{1¯11}, called Shockley partials.
These occur close together and create a shift of the crystal plane between them resulting in a local
intrinsic stacking fault. This fault forms after the first partial dislocation as it passes through the
crystal and is annihilated after the second partial. The distance between the Shockley partials
is inversely proportional to the stacking fault energy of the material, which is the energy per
unit area between the partials, γSF. The dissociation of the dislocation into Shockley partials
is energetically favourable when considering Frank’s rule which states that the elastic energy of
a dislocation is proportional to the square of the magnitude of the Burger’s vector [7]. A low
stacking fault energy can result in a wider distance [99]. Ni has the highest stacking fault energy
of the FCC metals of about 250mJ/m2 [7] which can be reduced significantly by alloying, for
example it is halved by adding 50wt.% Co [100].
Vacancies, a point defect, are important for several properties of a superalloy. Creep, coarsening
of γ′ precipitates and oxidation are rearrangements of atoms via diffusion, and therefore the
diffusion rate has to be low in order to achieve beneficial properties. The self-diffusivity in a metal
is controlled by two factors; the success rate of a atom-vacancy exchange and the availability of
vacancies.
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It has been shown [101, 102] that the elements from the centre of the transition metals diffuse
significantly slower in Ni than metals from the left and right end. This disproves the idea that
the atomic radius is the determining factor for the diffusivity. Elements such as Re and Ru form
directional bonds which reduce the atom-vacancy exchange [103, 104].
It has been shown by Dennison et al. [105] that the improvement in creep behaviour is depen-
dent on the atomic size difference of alloyed elements compared to Ni atoms and the concentration
of the solute.
Defects in and strengthening of γ′
The three types of defects also occur in the γ′ phase. However, due to the ordering in the phase,
various configurations can be found.
Planar defects can result in four different crystal structures depending on the shearing vector of
a {111} plane on top of other {111} planes. If the top plane is moved by a/2〈1¯01〉, an anti-phase
boundary (APB) is formed. A shear vector of a/3〈2¯11〉 results in the top layer being exactly
above a plane two layers down which changes the stacking sequence similar to an ISF in FCC.
However, due to the ordered structure of γ′ it is called a superlattice intrinsic stacking fault
(SISF). Similarly, a displacement of a/3〈2¯1¯1〉 results in a configuration with an additional {111}
plane, comparable to an ESF, which is called superlattice extrinsic stacking fault (SESF). Lastly,
a shift by a/6〈1¯1¯2〉 creates a complex stacking fault (CSF) with a change in the nearest-neighbour
configurations [106, 107].
APBs are very important planar defects which result in unfavourable bonds, such as Al-Al,
and therefore a high associated energy, ∼ 100mJ/m2. Similar to the previously mentioned
shift of {111} planes, APBs can occur by shifting {110} or {001} planes [108]. The number of
unfavourable bonds depends strongly on which of these planes the shift occurs. Shearing on {110}
results in the highest APB energy, followed by {111} shearing. However, shearing on {001} does
not create Al-Al nearest-neighbours and therefore results in a very low APB energy. Because of
the difference in deformation of γ′ arising from chemical ordering, the slip systems are not as
well defined and depend on the temperature. At low temperatures, slip occurs on a〈11¯0〉{111}.
These dislocations move as a pair (called superdislocation) of a/2〈11¯0〉{111} dislocations, each
called a superpartial. The first superpartial creates an APB which requires a significant amount
of energy and is annihilated by the second superpartial. In materials with high γ′ fractions the
superpartials are within one precipitate and "strongly coupled" whereas in alloys with low γ′
fractions, they can be "weakly coupled".
41
This is called order strengthening and is the most influential strengthening mechanism in
this class of alloys, exceeding the effects of stacking fault energy, interfacial energy and Orowan
strengthening [53]. In the weakly coupled case, having a low γ′ fraction, the strengthening effect
increases with increasing particle size, whereas in the strongly coupled case, high γ′ fraction, the
strengthening effects reduced with increasing particle size. Therefore, the most beneficial effect
occurs when the behaviour changes from weakly to strongly coupling [53].
The formation of SISF and SESF does not create unfavourable bonds and, therefore, the energy
associated with them is low. On the other hand, the change in nearest-neighbour configurations
resulting from CSF is significant, in the range of 250±50mJ/m2 depending on the composition
of the γ′ [13].
As in the case of γ, dislocations are split in to partial dislocations. However, their Burger’s
vectors are significantly longer. Several types of dissociation have been suggested [109]. As
mentioned above, various possibilities have been observed by TEM and many dislocations travel
on different planes, such as the cube plane. Because that is not a close-packed glide plane, the
dislocation is locked, called Kear-Wilsdorf lock [110].
The point defects in γ′ can be either vacancies of the Ni or Al site or anti-site defects, meaning
a Ni atom residing on a Al site or vice versa. Stoichiometric variations are balanced by anti-site
formation.
γ′ strengthened Ni-based alloys show behaviour that is uncommon for metals; their flow stress
or yield stress does not decrease with increasing temperature and can even increase. In addition,
their high temperature strength is vastly superior to that of pure Ni. The flow stress has a
maximum in the region of 800℃, after which it decreases rapidly. Typical curves are shown in
Fig. 2.17. First studies [111] showed that this behaviour is exhibited when the deformation of
the material is caused by microscopic deformation of γ′. Piearcey et al. [112] tested Mar-M200
and compared it to an alloy that had the composition of the γ′ phase of Mar-M200. It was
found that the mechanical behaviour of the pure γ′ controlled the overall strength of Mar-M200
at temperatures near the peak stress and beyond.
This behaviour is explained by the cross-slip of screw segments of the γ′ superpartial dislo-
cations from the {111} slip plane to the {001} plane driven by a combination of the externally
applied stress, anisotropy of the APB energy and contributions from elastic anisotropy [7]. This
causes a locking of these dislocation segments because the edge segments of the dislocations
remain on the octahedral plane. The formation of these Kear-Wilsdorf locks is increased with
increasing temperature until the peak stress. Beyond this, the dislocation movement is able to
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Figure 2.17: Flow stress vs. time for different Ni-base single crystal superalloys exhibiting the
flow stress anomaly, from [7].
revert back to octahedral slip [113].
However, this mechanism cannot explain some effects connected with the anomalous flow stress
behaviour. For example, the increase in flow stress begins at a temperature of 77K [114] which
is too low to be caused by thermally activated process such as the Kear-Wilsdorf lock formation.
The cause of these phenomena are not yet fully understood [7].
Gibbons and Hopkins [115] have shown early in the development of Ni-based alloys that the
γ′ fraction plays a significant role in increasing the creep resistance of an alloy. They examined
an alloy with varying γ′ fraction by changing the amounts of Al and Ti and showed that the
minimum creep rate as well as the life to rupture is improved by higher γ′ fractions up to a
certain point.
2.4 Co-base superalloys
2.4.1 Conventional Co-base alloys
Co-based alloys have been used since the 1920s. This group of alloys is usually strengthened by
a combination of carbide formation and solid solution elements. They are typically used in very
corrosive or high stress applications [116].
The crystal structure of pure Co transforms allotropically from FCC to HCP at ∼420℃ during
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cooling from high temperature [8, 116]. The exact temperature depends on impurities in the
alloys and the cooling rate. In addition, the grain size is a controlling factor; very fine grained
samples, such as powder, can retain its FCC structure at lower temperature, even up to room
temperature [116]. The formation occurs without diffusion and relies on dislocation movement on
the octahedral planes of the cubic lattice [116]. However, pure Co is rarely used in applications.
For high temperature applications, FCC is the desired crystal structure because it offers supe-
rior mechanical properties. However, the main elements used for solid solution strengthening, Cr
and W, stabilise the HCP crystal structure. This can be counteracted by additions of C, Ni, Fe
and Mn [116].
Carbides are used as the second main strengthening mechanisms in this class of alloys. There-
fore, they contain high amounts of C. Two groups of carbides are formed in the alloy; Cr-rich and
refractory element-rich carbides. The Cr-rich carbides are of the type M3C2, M7C3 and M23C6.
Cr can be substituted by Co, W or Mo. When an alloy contains a low ratio of Cr to C M7C3
is formed. These can transform into M23C6 during ageing or service. Because of the ratio of
M-atoms to C-atoms, the resulting C can form secondary carbides. A typical composition for
M23C6 is Cr17Co4W2C6 [8].
Refractory element-rich carbides are usually of the type M6C and MC. M6C is commonly found
in alloys with low amounts of Cr in combination with Mo or W over 4 at.%. These carbides are
stable at high temperatures, which can be changed by the addition of other elements. The main
strengthening carbide is MC, however, an optimum ratio of MC to M23C6 is needed to achieve
superior mechanical properties. MC form first during cooling, mainly with hafnium, zirconium,
tantalum, niobium or titanium.
Conventional Co-base alloys can also be strengthened by GCP phases (geometrically close-
packed), which are of the type A3B. They are coherent with the FCC phase, similar to γ′ in
Ni-base alloys. Their lattice misfit is usually high in Co. Therefore, they are comparatively
unstable. The volume fraction should be less than 1% to ensure good mechanical properties [8].
Various precipitates of this type have been found in cobalt alloys. For example, Co3Ti with
L12 structure can behave similarly to Ni3Al precipitates in Ni-based alloys and has a temperature
limit of 704℃ [117, 56].
Thornton et al. [118] have produced two different binary cobalt alloys with 7.5 at.-% and
10 at.-% titanium, respectively. The volume fraction of the precipitates in these alloys was 22%
and 40%. They were of cuboidal shape and had good mechanical properties. Most of the
γ’ precipitates in different alloys dissolve at temperatures higher than 760℃ but they can be
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stabilised with addition of vanadium, tantalum and nickel [8].
In cobalt alloys, element additions similar to stainless steels are used. The most important
elements are C, Cr, W and Mo.
C is an essential element for the formation of the mentioned carbides. Increasing the carbon
content increases the strength of the alloy, but decreases its ductility. Typical additions are 0.25
to 1wt.% in cast alloy. For wrought alloys, C has to be limited to 0.4wt.% to avoid cracking
during processing.
Cr is added up to 30wt.% and improves the oxidation and hot corrosion resistance of the alloy.
It also strengthens when in solid solution and is used for carbide formation. However, if too
much chromium is added σ phase will form.
The main solid solution strengthening element is W, which is added in proportions up to
25wt%. When added in large amounts, the Cr content is usually reduced. To improve the
oxidation behaviour, W can be substituted by Ta in high temperature applications.
Mo can be added to Co alloys to improve the high temperature tensile strength and rupture
ductility while retaining the strength of the alloy.
An important factor for these compositions is the solubility limit of the various refractory ele-
ments in the austenitic matrix. When this is exceeded, TCP phases which incorporate refractory
elements or Cr can form. Common TCP phases are σ, µ and Laves. They can form acicular or
blocky shapes in cobalt alloys, which can facilitate crack initiation and therefore decrease the
strength and the ductility of the alloy.
As mentioned in Sec. 2.3, the high temperature FCC crystal structure is desired for Co alloys
when used at elevated temperatures. Therefore, it needs to be stabilised by alloying additions,
such as Ni and Fe. Up to 20wt% can be added, but their fractions are usually limited to 10wt%,
because they reduce the rupture strength of the alloy.
If increased oxidation resistance is desired, 5wt% of Al can be used. It also forms CoAl which
is incoherent with the matrix and stable up to 760℃. Their strengthening effect is similar to
carbide strengthening and the precipitates can be stabilised by tungsten and tantalum for higher
service temperatures.
B additions can also increase the rupture strength and ductility, but the content is limited to
0.015wt%. Similarly to Ni-based alloys, Y and La additions of 0.08 to 0.15wt% can improve
the oxidation behaviour of the alloy, especially under cyclic conditions because they improve the
oxide scale adhesion, slow the overall oxidation process and stabilise Cr2O3.
Most element additions lower the melting point in Co-based alloys, small atoms having the
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most severe influence. For example, the additions of 1wt% of Si, B and C reduce the melting
point by 40℃, 63℃ and 67℃, respectively.
The main application for conventional Co-based alloys are either low stress and highly corrosive
environments, such as furnace components and heater vessels, or highly stressed parts, in steam
and gas turbines and high pressure boilers. They are also used for their high wear resistance at
elevated temperatures [116].
The mechanical properties of conventional cobalt alloys are dominated by the carbides. With
a higher content of carbon and thus carbides, the tensile and rupture strength is increased. The
location of the carbides is important for the mechanical properties. Carbides inhibit sliding of
grain boundaries and grain growth. If higher amounts of grain boundary carbides are present,
they can act as a skeleton and carry a portion of the applied stress. Carbides within the grains
are also needed to strengthen the matrix by acting as obstacles for dislocations. The carbide
morphology can be controlled by solidification parameters, such as the pouring temperature and
the cooling rate [116]. If the C content is above 0.6wt.-%, cracks can form around the carbides,
which reduces the ductility of the alloy. Because of the high stability of MC carbides at high
temperatures, the carbide morphology is partially retained during heat treatment. The ductility
of components can decrease during service at elevated temperatures around 800℃ due to the
formation of secondary M23C6 carbides [8].
The discussed strengthening mechanisms cannot be applied for high temperature applications,
because most of the carbides dissolve and other precipitates, such as Co3Ti, are not stable.
Therefore, to use cobalt as a base element for high temperature applications, a new strengthening
mechanism has to be developed.
2.4.2 γ/γ′ Co-base superalloys
Discovery of Co – Co3(Al,W) superalloys
In 2006, Sato et al. published an article in Science [1] in which the authors announced their
discovery of a new stable L12 compound in Co-base alloys with stoichiometric composition of
Co3(Al,W). These precipitates have a similar crystallography to the γ′ phase in Ni-base alloys.
Fig. 2.18A shows a TEM dark-field image of the alloy Co-9Al-7.5W (all compositions given in
at.% if not specified otherwise). The γ′ precipitates are cuboidal within the γ matrix and align
along the <001> direction. Fig. 2.18B shows the reflections of the L12 superlattice structure
to confirm its crystal structure. The γ′ precipitates contain almost equal amounts of Al and
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W which was determined by using a field emission electron probe microanalyzer (FE-EPMA).
The authors claimed that the new phase is a L12 Co3Al phase stabilised by the addition of W.
Additions other elements, such as Cr and Mo, do not exhibit this stabilising effect.
Figure 2.18: EM images, (A) dark field TEM of Co-9Al-7.5W with diffraction pattern (B), (C)
SEM of Co-8.8Al-9.8W-2Ta and (D) Co-8.8Al-9.8W-2Mo annealed at 1000℃ for
168 h, from [1].
The authors also created ternary Co-Al-W phase diagrams for 900℃ and 1000℃ (Fig. 2.19).
At 900℃ it includes a small phase field for the newly found γ′ between the phases Co(A1) –
CoAl(B2) – Co3W(D019), Fig. 2.19A whereas at 1000℃, Co3(Al,W) was found to be metastable
in this class of alloys.
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Figure 2.19: Isothermal sections of Co–Al–W ternary system (Co-rich region) at 900℃ (A) and
1000℃ (B), from [1].
The lattice parameters of the γ and the γ′ phase were measured for the alloy Co-9.2Al-9W
using x-ray diffraction (XRD) at room temperature and were found to be 3.580 and 3.599Å,
respectively, which represents a lattice mismatch of 0.53% [1]. As mentioned in Sec. 2.3.1, the
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lattice mismatch influences the morphology of the γ′ precipitates and their coarsening behaviour.
Suzuki et al. [3] tested an alloy with the nominal composition of Co-9Al-9W in compression
from room temperature up to 900℃ (homogenised and aged samples, 4 by 4 by 8mm in size,
strain rate 10−4 s−1). The alloy exhibited the anomalous flow stress behaviour, increasing flow
stress with increasing temperature, similar to those of Ni-base superalloys, Fig. 2.20.
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Figure 2.20: Flow stress of two newly developed alloys with temperature, Co-9Al-9W (9Al-9W)
and Co-9Al-10W-2Ta (2Ta) compared to two conventional Co-base alloys (Haynes
188 and Mar-M302) and a polycrystalline Ni-base alloy (Mar-M247), from [3].
Tsunekane et al. [119] investigated the single crystal solidification process in this new class of
alloys. Their results show that the Co-base alloys are less prone to solidification defects, such as
freckles. Overall, the segregation of Co, Al, W, Cr was low with a distribution coefficient close
to 1 for every element. Only Ta segregates strongly to the γ′ phase, but does not induce defects
or inhomogeneity. Therefore, the authors concluded that large single crystalline components can
be produced using Co – Co3(Al,W) alloys.
This promising discovery has seen significant interest, because it offers the possibility of devel-
oping alloys which can replace currently used Ni-base alloys and achieve higher fuel efficiency.
However, Kobayashi et al. reported [120] that the γ′ phase is not stable at 900℃. The
authors used a diffusion-couple technique whereby they fused two binary alloys (Co-27Al and
Co-15W) and heat-treated them at 1300℃ for 20 h to allow for interdiffusion. The idea behind
the technique is that the frequency of triple junctions of phases is an indication of the stability
of the participating phases which are in thermodynamical equilibrium. The compositions of the
alloys were chosen to have high concentrations of the respective alloying element whilst retaining
a single phase state at the heat treatment temperature. After this step, the samples were aged at
900℃ for 500 h and 2000 h, respectively. After 500 h, four types of triple junctions, and therefore
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phase equilibria, were present: γ/γ′/CoAl, γ/γ′/Co3W, γ′/CoAl/Co3W and γ/CoAl/Co3W,
which represents a four-phase equilibrium. However, after 2000 h, the amount of triple junctions
involving γ′ was reduced while other types of triple junctions increased in frequency. This led the
authors to the conclusion that γ′ is metastable at 900℃, but might be stable at temperatures
that are slightly lower, because the phase was still present in the sample after 2000 h.
Quaternary alloying additions to Co – Co3(Al,W) alloys
Because of the similarity of nickel and cobalt, additional elements were chosen on the basis of
Ni-base alloy research.
The influence of the W content has been investigated by Suzuki et al. [4, 121]. They compared
the alloys with the compositions of Co-9.2Al-9W and Co-9.4Al-10.7W. Their results showed that
the increased W content increased the γ′ solvus temperature by 30℃. In compression tests, the
flow stress did not change significantly, Fig. 2.21.
Figure 2.21: Flow stress of the newly developed alloys over temperature, Co-9.2Al-9W (9W),
Co-9.4Al-10.7W (11W), Co-8.8Al-9.8W-2Ta (2Ta), Co-8.8Al-9.8W-2Re (2Re) and
Co-7.8Al-7.8W-4.5Cr-2Ta (CrTa), (a) comparing polycrystalline alloys to three con-
ventional Co-base alloys (Haynes 188, IN617 and Mar-M302) and a polycrystalline
Ni-base alloy (Mar-M247) and (b) some polycrystalline alloys compared to their
single crystal version, from [4].
These finding are in agreement with results of Shinagawa et al. [122]. They tested four al-
loys with the composition range of Co-(∼9)Al-(7-10.5)W. The γ′ solvus temperature increased
with increasing W content, having an increase of 100℃ from 7 to 10.5W. They also performed
compression tests and the flow stress increased with increasing W content up to 9.5W, however,
beyond that no change could be observed. The temperature of the peak in flow stress is constant
for all tested alloys.
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To examine the influence of Ta, Suzuki et al. [3] compared the flow stress behaviour of a base
alloy, Co-9Al-9W (9Al-9W, mentioned above), and a Ta strengthened alloy, Co-9Al-10W-2Ta
(2Ta), in polycrystalline form, the results of which are given in Fig. 2.20. Both alloys showed
the anomalous flow stress behaviour from 600℃ to 700℃ (9Al-9W) or 800℃ (2Ta), respectively.
The flow stress of the 2Ta alloy was higher than that of the 9Al-9W alloy over the entire range
of tested temperatures. However, the behaviour beyond the peak temperature is noteworthy.
The flow stress of the 9Al-9W alloy rapidly decreased beyond the peak, whereas the decrease for
the 2Ta alloy was significantly less pronounced. In addition, the peak temperature was ∼100℃
higher for the 2Ta alloy. The authors compared the tested alloys to two Co-base alloys with
solid solution and carbide strengthening (Haynes 188, Mar-M302) as well as one first-generation
Ni-base alloy (Mar-M247). The 2Ta alloy significantly increased in flow stress and exceeds that
of the Ni-base alloy at the highest measured temperature.
The effect of alloying additions of Ta on the mismatch and γ′ stabilisation can be seen in
Fig. 2.18c. Ta reduces the lattice mismatch and stabilises γ′ (partitioning to γ′ measured by
EPMA) which results in highly cuboidal precipitates with a high volume fraction in the alloy.
The addition of Ta also increases the solvus temperature [1]. The increasing γ′ volume fraction
and γ′ solvus temperature have been confirmed by several authors, e.g. [123, 124].
The effect of Ta on the isothermal oxidation behaviour has been found to be insignificant
by some authors [125] and detrimental in others [126]. Alloy Co-7Al-5W-2Ta exhibited a 7%
lower weight gain rate constant than the base alloy (Co-7Al-7W) after 20 h at 800℃ [125]. Alloy
Co-8.1Al-8.4W-2.0Ta showed a 50% thicker oxide layer after 400 h at 900℃ when compared to
Co-8.5Al-9.1W [126].
Shinagawa et al. [127, 128] studied the influence of Ni additions to Co – Co3(Al,W) alloys
to determine if the γ′ phase exists continuously between Ni3Al and Co3(Al,W). They produced
29 different alloys within the compositional range Co-(0-80)Ni-(5.6-20)Al-(2.5-10)W. They deter-
mined the compositions of γ and γ′ by EPMA, the phase transition temperatures by DSC and
the lattice parameters by XRD. All samples contained γ and γ′ . In addition, several contained
Co3W, CoAl, Co7W6 and/or W.
Fig. 2.22 shows isothermal sections of the ternary phase diagrams with 10, 30, 50 and 70 at.%
Ni, respectively. It is assumed that the Ni content is constant in all phases which is a good
approximation for γ and γ′ (Fig. 2.23a), however, not for χ, µ and β. In the phase diagrams, it
is shown that the addition of Ni expands the γ′ phase field and therefore the compositional range
in which γ/γ′ alloys can be produced. It also shifts the γ′ composition to lower W contents and
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thus will reduce the density of produced alloys. If more than 50 at.% Ni were added, then no W
would be necessary to precipitate the γ′ phase.
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Figure 2.22: Isothermal sections Co–Al–W phase diagrams with four different Ni contents (sub-
stituted for Co) at 900℃, shaded area showing γ/γ′ phase field, from [127].
Fig. 2.23a shows the partitioning coefficient of each element in a example composition of Co-
xNi-10Al-7.5W with changing Ni content at 900℃. Al is a γ′ former and partitions strongly to
this phase, which intensifies with increasing Ni content. W changes from being a γ′ former to a γ
former above 50 at.% Ni. The authors also investigated the influence of the changing Ni content
on the γ′ solvus and the solidus temperatures. The results for the two alloy series are shown in
Fig. 2.23b. The γ′ solvus temperature increases significantly with increasing Ni content whereas
the influence on the solidus temperature is negligible.
The amount of Ni in the alloy also changes the lattice parameters of the two phases and
therefore the lattice mismatch, the influence of which can be seen in the morphology of the
γ′ precipitates. Fig. 2.24 shows the micrographs of Co-xNi-10Al-7.5W with x=10, 40, 50 and
60 at.%, respectively. The shape of the γ′ precipitates changes from cuboidal to spherical with
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increasing Ni content. This is consistent with the mismatch measurements performed by the
authors; spherical precipitates between 0 and 0.2% mismatch, cuboidal at 0.5 - 1.0% and plate-
like above 1.25% [8].
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Figure 2.24: SEM images Co-xNi-10Al-7.5W annealed at 900℃ for 168 h and the change of lattice
parameter and misfit for these alloys, from [127].
These results suggest that Co – Co3(Al,W) alloys can be improved in several ways by adding
Ni; mainly by increasing the size of the γ′ phase field and stabilising the γ′ phase.
Cr partitions to the γ phase (measured by EPMA [1]) and higher additions are detrimental
for the γ/γ′ microstructure; more than 13Cr destabilised the microstructure in a Co-7Al-7W
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alloy [124]. Increasing the Cr content decreases the γ′ solvus temperature and the γ′ volume
fraction [4, 123, 124]. In addition, the flow stress over a tested temperature range of 20 up to
900℃ has been found to be reduced with Cr additions, Fig. 2.21 [4].
Klein et al. [129] investigated the influence of Cr on the oxidation behaviour by performing
test on alloys with Co-9Al-9W-0.04B and additions of 0, 4 and 8 at.% Cr and comparing it to
the conventional Co-base alloy Mar-M509. The alloys were oxidised at 800℃ in laboratory air.
The results showed that adding Cr to these alloys did lower the mass gain during isothermal
oxidation significantly. This was explained by the formation of a Cr-rich layer which assists the
formation of a thin Al2O3 layer. However, 8 at.% Cr are required to form a continuous layer.
All three alloys, which also contain 0.04 at.% B, showed cracking of the inner oxide or at the
inner/outer oxide-interface. The authors assumed the cracking to occur during cooling after the
oxidation experiment. In addition to the influence of the oxidation behaviour, Cr also changed
the γ/γ′ microstructure from cuboidal to more spherical with inter-connected precipitates. The
oxidation results of Mar-M509 were comparable to the 0.04B-8Cr alloy.
Yan et al. [125] investigated the isothermal and cyclic oxidation behaviour and analysed the
oxidation mechanisms and compositions of two example alloys, Co-7Al-7W and Co-7Al-7W-10Cr.
For the isothermal tests, the samples were exposed to 800℃ for 196 h. For the cyclic tests, the
samples were removed from the furnace at 800℃, cooled for 30min and weighed after 4, 16, 36,
64, 100, 144 and 196 h. The samples showed cracking of the scale during the experiments. The
spallation products were contained and were included in the mass gain results. The addition of
10 at.% Cr showed an improved oxidation behaviour. Underneath the oxide scales, Co3W formed
in both samples.
The authors used a focused ion beam (FIB) to extract foils from the different oxide layers and
analysed them using TEM to investigate the oxidation mechanism in detail.
For the Co-7Al-7W, the composition of the top layer was measured to be 43Co-57O using EDX,
which suggests an oxide with the stoichiometric composition of Co3O4. Possible Co-oxides are
very similar in oxygen content (CoO: 50 at.%, Co3O4: 57 at.% and Co2O3: 60 at.%). Therefore
the diffraction patterns of the oxides were analysed to verify their crystal structure. With this
information the layers of the Co-7Al-7W alloys were confirmed to be Co3O4 in the outer layer,
Co3O4 and Al2O3 in the middle and Co3O4 in the lower. The second layer was porous and
consisted of two different oxides and small amounts of W (3±2 at.% W content overall in the
second oxide layer) in solution within the Co3O4 phase.
For Co-7Al-7W-10Cr, the composition of the oxide layers was different. The outer layer had
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the composition of 25Al-11Co-63O-1Cr and analysis of its crystal structure confirmed it to be
CoAl2O4. The middle layer was rich in Cr and the analysis showed that two oxides were present.
These were found to be CrO2 and Cr2O3 which showed some solubility for Co (6 at.%), Al (5 at.%)
and W (1 at.%). The inner layer was confirmed as Al2O3.
The mass gain of all samples was higher in the case of cyclic oxidation compared to isothermal
at the tested temperature of 800℃. The difference in the coefficient of thermal expansion, and
therefore the occurrence of thermal stresses during cooling, generated cracking and spallation
which led to accelerated oxidation, see Sec. 2.3.3. However, these conditions are more repre-
sentative of the conditions in a turbine engine. The Cr2O3 layer formed with a layer of Al2O3
underneath slows down further oxidation. The presence of CrO2 in the Cr-containing layer was
not understood by the authors. It should be only present below 300℃ or will be produced
at temperatures over 1000℃ in gaseous form, which is the maximum service temperature for
chromia-forming alloys.
Shinagawa et al. [122] published on the effect of boron on the mechanical properties of the Co –
Co3(Al,W) alloys. They referred to work by Messmer and Briant [130] who determined through
calculations that boron additions are beneficial for the ductility of these alloys, especially when
polycrystalline, because B improves the grain boundary strength by the formation of covalent
bonds between grains. In addition, slip is accommodated and stress concentration at grain
boundaries are reduced. B additions decrease the repulsion of Al – Al bonds, form disordered
layers near grain boundaries and reduce the negative effect of impurity elements such as H [131].
The authors produced four different alloys Co-(8.9-9.3)Al-(6.9-10.4)W, each with and without
the addition of 0.02 at.% B. These compositions were chosen to produce microstructures with γ′
volume fractions of 20, 40, 60 and 80%, respectively. The B-free alloys showed brittle behaviour
at temperatures above 760℃, whereas the B-containing alloys exhibited ductile deformation up
to the maximum tested temperature of 980℃. The results of the compression tests are given
in Fig. 2.25. (a) shows the B-free alloys compared to results from [4] and [132]. The peak
temperature is similar for this alloy series showing a slight positive influence of the γ′ volume
fraction on the strength. The B-containing alloys (Fig. 2.25b) show a stronger increase in flow
stress over a wider temperature range and exhibit an increase of peak temperature with increasing
γ′ volume fraction. These alloys are on a similar flow stress level as the single crystal alloys tested
in [4]. The B-free alloys exhibit intergranular fracture, whereas the B-containing alloys exhibit
intragranular fracture. These results suggest that B is strengthening the grain boundaries in
these alloys which permits the alloys to utilise more of their theoretical potential.
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Figure 2.25: Flow stress of alloys with varying γ′ volume fraction over temperature, (a) without
and (b) with B additions compared to (1) a polycrystalline γ′ alloy [132] and (2) a
γ/γ′ alloy [4], from [122].
Klein et al. [126, 129] showed that doping Co-9Al-9W alloys with 0.04, 0.08 and 0.12B, respec-
tively, improved the oxidation behaviour significantly resulting in reduced weight gain during
isothermal oxidation as well as reduced oxide layer thickness compared to B-free alloys. The
effect is increased with increasing B content. In addition, the oxide scale of the B-containing
alloys showed improved adhesion and no spallation was reported.
ToF-SIMS (Time-of-Flight Secondary Ion Mass Spectrometry) measurements showed that B
accumulates mostly at the grain boundaries. This was observable in all of their B-containing
alloys. In addition, precipitates with high B content were present in the alloys. After isothermal
oxidation experiments at 800℃ and 900℃, up to 500 h, the inner oxide layer was enriched in B
which led to a B-depleted zone underneath the oxide layer. The authors suggest that this might
be the reason for the improved oxidation resistance of these alloys. The outer oxide contained
only small amounts of B. Additional measurements revealed that the B-rich precipitates were
also rich in W. These were assumed to be tungsten borides with a stoichiometric composition of
W5B3.
The authors also investigated the influence of grain boundaries on the oxidation of Co-9Al-
9W-0.12B [133]. Their results showed that grain boundaries are beneficial at 800℃ and 900℃
but detrimental at 1000℃. The authors explained this by the difference in diffusion behaviour
at different temperatures. Up to 900℃, grain boundary diffusion is favoured which allows B to
accumulate at the inner oxide layer which has been found to be beneficial for the formation of
a continuous Al2O3 layer. Higher temperatures favour bulk diffusion and grain boundaries act
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as obstacles for the B diffusion and, therefore, single crystal samples exhibit superior oxidation
behaviour. However, at 1000℃ the γ′ phase is completely dissolved, which might also influence
the results.
Bauer et al. [123] found an additional phase to γ and γ′ in Co-8.3Al-9.4W-0.1B along grain
boundaries with increased W content measured by EDX. The authors suggest that the precipi-
tates are tungsten borides and that these are the cause for increased creep strength compared to
B-free alloys, however results of those alloys were not presented.
Si additions have been found to reduce the γ′ volume fraction [123, 124], but increases the
γ′ solvus temperature [124]. It also improves the oxidation behaviour of an alloy as well as
the adhesion of the oxide layer [124, 126]. However, in combination with B additions, Si is
detrimental at 800℃ but beneficial at 900 and 1000℃ [134].
Ir increases γ′ solvus when added to a 9Al-8W-2Ta alloy [123] and improves its isothermal
oxidation behaviour [126].
Yan et al. determined that additions of 20Fe to Co-9Al-9W changes the morphology of the
γ′ precipitates and lowers the its γ′ solvus temperature significantly, however its influence on
isothermal oxidation is beneficial [124]. EPMA measurements have shown that Fe partitions to
the γ phase [1].
In Ni-base superalloys Re is used to strengthen the γ phase. However, in alloys by Suzuki
et al. [4, 121] small amounts of Co3W was formed in a Re containing alloy which led to γ′
free zones at grain boundaries. Also, Re additions significantly lowered the flow stress during
compression and no change in the γ′ solvus temperature was measured. This leads the authors
to the conclusion that Re additions are not beneficial especially due to the high element cost.
Mo additions reduced γ′ solvus temperature and increased γ′ volume fraction of alloys by
Bauer et al. [123] and Yan et al. [124]. Klein et al. [126] added 2Mo to a Co-9Al-8W-2Ta alloy,
which reduced the formed oxide layer thickness during isothermal oxidation at 900℃. However,
tests by Yan et al. [124] showed increased weight gain during isothermal oxidation when 2W
were substituted by 2Mo in a Co-7Al-7W alloy. It was found to partition to γ′ (measured by
EPMA) [1].
V significantly deteriorates the oxidation behaviour of an alloy [124, 126] and reduces the γ′
solvus temperature [124]. However, it increases the γ′ volume fraction [123, 124] and partitions
to γ′ (measured by EPMA) [1].
The influence of Nb and Ti additions has been found to be similar. Both elements partition to
the γ′ phase (measured by EPMA) and increase the γ′ solvus temperature and volume fraction [1,
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123, 124]. However, additions of both elements are detrimental for the isothermal oxidation
behaviour [124, 126].
Atom probe tomography
The first atom probe tomography experiments were performed by Meher et al. [135] on the
alloys Co-7Al-7W (base), Co-8Al-8W-25Ni (25Ni) and Co-10Al-5W-2Ta (2Ta). They used a
LEAP3000X in laser evaporation mode at 35K with an evaporation rate of 0.5%, a pulse energy
of 0.3 nJ and a pulse frequency of 160 kHz. The average size of the γ′ precipitates was 20-30 nm,
50-80 nm and 160-200 nm, respectively for the alloys base, 25Ni and 2Ta. The results of the
measurement of the average compositions for the γ and γ′ phase are given in Tab. 2.2. In the
case of the base alloy, W and Al partition strongly to γ′ and the sum of these two elements in
the γ′ phase is ∼25 at.%. This suggests that Al and W occupy the (Al,W) sub-lattice in the L12
structure which has a stoichiometric composition of Co3(Al,W). In the 25Ni alloy, Al, W and Ni
partition to γ′. In this case, the sum of Al and W in γ′ is only ∼21 at.%. The authors conclude
that Ni is occupying some of the Al,W sub-lattice sites which leads to a stoichiometric composition
of the γ′ of (Co,Ni)3(Al,W,Ni). In the 2Ta alloy, two different sizes of the γ′ precipitates are
present. W and Ta strongly partition to γ′, whereas Al shows nearly no partitioning behaviour
in this alloy. However, a pile-up of Al at the γ/γ′ interface can be observed, which is attributed
by the authors to the higher solubility of Al in γ′ at the ageing temperature and subsequent
rejection during cooling. The sum of Al, W and Ta is ∼25 at.% in this alloy which suggests a
stoichiometric γ′ composition of Co3(Al,W,Ta).
Bocchini et al. [137] performed similar experiments on the alloy Co-9.3Al-11.0W using a
Cameca 4000X-Si LEAP with a laser energy of 30 pJ, a pulse rate of 200 kHz and an evapo-
ration rate of 3-5% at a temperature of 35K. The tested alloy had a high γ′ volume fraction
of ∼80%. The average results of three measurements are given in Tab. 2.2. The partitioning
coefficients to the γ′ phase were calculated to be 0.91, 1.11 and 2.19, respectively, for Co, Al and
W. These values are significantly closer to 1 when compared to the 7Al-7W alloy investigated by
Meher et al. [135]. The authors claim that the phases in their alloy (9.3Al-11W) are very close
to the equilibrium composition due to a long ageing time of 1006 h compared to 100 h (2Ta) and
200 h (base, 25Ni) ageing time utilised by Meher et al.
Meher and Banerjee [136] studied the site occupancy of Ta and Mo in this alloy class. They used
Co-10Al-10W as a base system and investigated the changes compared to the alloys Co-10Al-10W-
2Ta and Co-9Al-10W-3Mo. These alloys were homogenised at 1320℃ for 12 h and subsequently
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Table 2.2: Composition of γ and γ′ (in at.%) for different alloys measured using atom probe
tomography, from [135, 136, 137].
Alloy γ γ′
Al W Ta/Ni/Mo Al W Ta/Ni/Mo
7Al-7W [135] 5.7 ± 0.4 2.4 ± 0.1 9.1 ± 0.4 14.9 ± 0.5
8Al-8W-25Ni [135] 5.4 ± 0.3 4.4 ± 0.2 23.4 ± 0.4 10.7 ± 0.3 10.7 ± 0.3 27.2 ± 0.4
10Al-5W-2Ta [135] 10.5 ± 0.2 2.6 ± 0.1 0.39 ± 0.02 11.0 ± 0.2 9.3 ± 0.3 3.2 ± 0.15
9.3Al-11W [137] 8.9 ± 0.1 5.7 ± 0.1 10.0 ± 0.1 12.5 ± 0.2
10Al-10W [136] 9.7 ± 0.2 5.8 ± 0.1 11.0 ± 0.2 13.7 ± 0.2
10Al-10W-2Ta [136] 10.5 ± 0.3 4.3 ± 0.2 0.44 ± 0.07 10.9 ± 0.3 11.7 ± 0.3 2.4 ± 0.17
9Al-10W-3Mo [136] 6.5 ± 0.3 4.9 ± 0.3 2.7 ± 0.2 9.9 ± 0.4 10.4 ± 0.4 3.4 ± 0.2
Table 2.3: Partitioning coefficients of elements into γ or γ′ for different alloys measured using
atom probe tomography, from [135, 137].
Alloy Co Al W Ta/Ni/Mo
7Al-7W [135] 0.83 1.60 6.21
8Al-8W-25Ni [135] 0.73 1.98 2.43 1.16
10Al-5W-2Ta [135] 0.88 1.05 3.58 8.21
9.3Al-11W [137] 0.91 1.11 2.19
aged at 900℃ for 256 h to generate an equilibrium composition of the γ′ precipitates. In the base
alloy, Al is present in near-equal amounts in γ and γ′ (Tab. 2.2) whereas W partitions strongly.
Using a different technique (spatial distribution maps) , the authors detected alternating atomic
layers in 〈001〉 direction of (i) pure Co and of (ii) all elements, consistent with the L12 structure.
The additions of Ta and Mo replace mostly W in the γ′ precipitates which suggests that these
atoms occupy the W sub-lattice. These findings have been predicted by Chen and Wang [138],
who performed first-principles calculations using a supercell model.
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2.5 Conclusions
In this literature review, the key components of a jet engine have been discussed, including
requirements for materials used in their manufacture. In the hot section adjacent to the combus-
tor, Ni-base superalloys are used for blades and discs. These offer a unique balance of properties
needed for the demanding stress and temperature regimes.
Furthermore, the manufacturing methods for discs have been presented, discussing their ad-
vantages and challenges. Cast-and-wrought route or the powder metallurgy route are used, de-
pending on the composition of the alloys.
Ni-base superalloys exhibit good mechanical behaviour at high temperatures in combination
with adequate oxidation resistance. The high strength at elevated temperatures is due to their
microstructure based on coherent γ′ precipitates within a γ matrix.
The discovery of the Co3(Al,W) phase offered a potential new alloy system that might be able
to compete with Ni-base alloys. Because of the higher melting temperature of Co compared
to Ni and its better environmental stability, a higher service temperature might be achievable.
Furthermore, the superior castability of Co-base alloys allows large castings of single crystal
blades for industrial gas turbines.
However, various issues have to be addressed for this alloy system; the density is very high
compared to Ni-base alloys and first oxidation experiments showed poor results. The γ′ solvus
temperature as well as the strength of alloys published are not high enough to compete with
Ni-base alloys.
Furthermore, the complex compositions of these alloys require understanding of the microstruc-
tural interactions. The long-term stability of the γ′ phase in Ni-rich Co-base alloys as well as the
creep and fatigue behaviour of this alloy class need investigating.
Different process routes have to be studied and the feasibility of the powder metallurgy route
including process parameters needs examining.
In the following two chapters, characterisation of developed alloys will be presented. In Ch. 4,
several alloys were produced as small 50 g ingots to study the influence of composition with six
or more elements on the γ/γ′ microstructure, the γ′ solvus temperature and fraction, density
and strength in this alloy class.
The alloys contain Co, Al and W as well as large amounts of Ni to increase the γ′ phase field,
Cr to improve the oxidation behaviour and Ta as γ′ former to increase the γ′ solvus temperature
and to strengthen the alloy.
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In Ch. 5, four alloys were chosen and larger billets (∼ 5 kg) were produced using the powder
metallurgy route. This ensures compositional homogeneity for all samples. In addition grain
boundary strengtheners could be added. This was not possible for the ingots because of the
limitations of the melting process. These alloys were tested in isothermal and cyclic oxidation
experiments as well as compression, fatigue and creep tests.
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3 Experimental procedures
3.1 Production of the alloys
Different alloy production techniques have been used for this study. Initial screening tests were
performed on ingots that were produced in-house, whereas later alloys were produced by ATI
Powder Metals, Pittsburgh, PA, USA using the powder metallurgy route.
3.1.1 Melting of ingots
The in-house production of the ingots for this PhD project consists of four steps. Fig. 3.1 shows
these steps which are performed for each alloy, however, the temperatures of the hot-rolling and
the ageing steps vary. The parameters shown in Fig. 3.1 are for alloy DM1320.
encapsulated in
quartz tube (in Ar)
1. Arc melting
3. Hot-rolling
(1150°C, welded into 
steel can with Ti powder)
4. Ageing
(100h at 900°C)
2. Homogenisation
(24h at 1300°C)
encapsulated in
quartz tube (in Ar)
Figure 3.1: Example process route for alloy DM1320.
The first step in the process was the melting of a 50 g ingot of the alloy. The correct amount
of small pieces of each element was placed in one groove in the vacuum arc melter. To ensure
a consistent composition throughout the entire ingot, the pieces need to be equally distributed
within the groove. The elements used have a high variation in melting points which has to be
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considered in the melting process. Tungsten has the highest melting point (3422℃) and could
not be melted using the in-house arc melter. For this reason, a master alloy was used containing
10 at.% tungsten and 90 at.% cobalt. Aluminium, on the other hand, has the lowest melting
point (660℃) and a high vapour pressure. Therefore, it will partly evaporate during the melting
process. To ensure the correct composition, the amount of aluminium that was added to the
melt needed to be increased by 10%. The melting chamber was evacuated and back-filled with
Ar. During the melting process, the ingots were turned and remelted three times to ensure
compositional homogeneity.
In step two of the production process, the ingot was encapsulated in an evacuated quartz
tube which was back-filled with argon. The capsules were placed in a furnace for homogeni-
sation at 1300℃ for 24 h with heating and cooling rates of 200℃h−1. During this step, the
macro-segregation, caused by the uneven distribution of the elements in the melter, and micro-
segregation, caused by the solidification, within the ingot are greatly reduced.
To refine the grain size, the samples were hot rolled between 100 and 150℃ above their γ′
solvus temperature. For this step, the ingot was welded into a steel can which was filled with
titanium powder. The can provides protection against the cold rollers of the rolling mill. In
addition, the titanium powder acts as an oxygen getter and reduces the oxidation of the ingot.
The steel cans were placed in a furnace 60min before the rolling process and for 5min between
each pass. The reduction rate for each pass was between 10 and 15%. After the can was reduced
in thickness to 5mm, it was air cooled. The ingot was broken out and the residue of the steel
and titanium was ground off.
The fourth step was the ageing of the alloy. The rolled ingot was encapsulated, as described
above, and placed in a furnace. During initial tests, the ageing was performed between 100 and
150℃ below the γ′ solvus for 100 h with heating and cooling rates of 100℃h−1. Later alloys,
the DM1XYZ series, were aged for 16 h at 900℃, as described in Sec. 4.
3.1.2 Powder metallurgy
After the initial screening tests, larger billets of selected alloys were produced using the powder
metallurgy route. As described in Sec. 2.2.2, several steps are necessary.
The alloy powder was manufactured by vacuum induction melting and inert gas atomisation
(sieved using 270 mesh - 53µm), and then consolidated by hot isostatic pressing (HIP) for 4 h
at 1050℃ by ATI Powder Metals, Pittsburgh, PA, USA. The alloys were subsequently removed
from the cans and each billet was cut into two cylindrical pieces, 75mm in diameter and 75mm
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high. It was then isothermally forged at 1050℃ by ATI Ladish Forging, Cudahy, WI, USA. Alloys
DM1320PM and DM1072PM were reduced to 30mm whereas DM1050PM and DM1370PM were
reduced to 15mm. The second lot was deformed to a higher degree due to the presence of prior
particle boundaries in the alloys of the first lot. After forging, the material was subjected to a heat
treatment of 1050℃ for 30min, above their respective solvus temperatures with a subsequent
ageing step (16 h at 900℃).
Several different cuboidal blanks were cut from the forgings using wire-cut electric discharge
machining (wire EDM) from which the samples for the various tests were machined, see below.
3.2 Characterisation of the alloys
There are several properties of an alloy that are important if it is to be used in a high temperature
environment. The microstructure for Co-based alloys has to be exclusively γ/γ′ and the oxidation
resistance needs to be sufficient to withstand the extreme environment within the turbine engine.
The following techniques have been used during this work.
3.2.1 γ′ volume fraction, γ′ size and density measurements
The secondary γ′ fraction and size was estimated using representative micrographs of the alloys.
The threshold function in the program ImageJ was used to create a binary image with γ′ precipi-
tates in black and γ matrix in white. Any small tertiary γ′ were removed using Adobe Photoshop.
After this, the image was analysed with the particle function of ImageJ which determines the
area fraction of the black particles and gives an average diameter of the precipitates (particles
on the edge of the image are not considered for the latter).
The density of the alloys was determined using the Archimedes’ principle. When an object is
fully immersed in a fluid, its apparent weight is equal to the actual weight of the object reduced
by the weight of the displaced fluid. This leads to an equation for the density of that object
(ρobject) of
ρobject =
m
m−mimmersed · ρfluid, (3.1)
with m being the mass of the object in air, mimmersed the mass of the object fully immersed
and ρfluid the density of the fluid in which the object was immersed.
A piece of each alloy was weight in water and out of water using the same scale and the
temperature of the water was measured to exactly determine its density.
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3.2.2 DSC
Differential scanning calorimetry (DSC) is a technique which measures the amount of heat that
is required to change the temperature of a specimen with respect to a reference material, usually
Pt. This can be used to identify phase transformation in the investigated sample. The melting
of a solid, for example, is a endothermic reaction; more heat has to flow into the sample to
increase the temperature compared to the reference. This results in a peak in the DSC curve
(heat flux vs temperature) at the melting temperature of the sample. The specific point of the
phase transition is not necessarily clear because of the width of the peaks and their gradual onset.
Therefore, the temperature of the specific phase transition is also dependent on the instrument
and software used and personal interpretation of the data.
In this project, a Netzsch Jupiter (DSC/TGA) was used to determine the γ′ solvus temperature
in the alloys. The test samples were cubes with an edge length of 2 to 3mm cut from the
homogenised alloy. The machine was set up to heat the samples to 1200℃ and cool down to
room temperature with heating and cooling rates of 10℃min−1. However, the actual maximum
temperature was only 1140℃.
An example of the resulting graph is shown in Fig. 3.2 for the ingot alloy DM1320. The
difference in heat (y-axis, exotherm) required to change the temperature of the sample compared
to a reference material is plotted. The aforementioned uncertainties are not as detrimental in
this case, because an accuracy level of ± 5℃ is sufficient. The temperature at the exothermic
peak of the cooling curve (Fig. 3.2 - red arrow) is selected as the γ′ solvus for the alloys, 1020℃
for DM1320.
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Figure 3.2: DSC thermogram for alloy DM1320 (heating - black, cooling - blue).
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3.2.3 SEM and EDX
The desired microstructure of the developed alloys consists of γ′ precipitates within a γ matrix.
These precipitates have a size ranging from ∼10 nm to ∼200 nm. A conventional light microscope
cannot resolve such fine features. Therefore, a scanning electron microscope (SEM) is necessary
for the imaging.
In an SEM a focused electron beam interacts with a specimen to image and analyse a sample.
In this work, micrographs of the γ/γ′ microstructure were taken using the secondary electron
(SE) mode. The low energy electrons in this imaging mode need to be attracted by the sample
and can travel in curved paths which allows for highly topographical micrographs. However, is
samples with lower electrical conductivity, very bright regions can appear where the electrical
charge builds up.
The oxide layers were imaged using the back-scattered detection (BSD) imaging mode. In this
mode, high energy electrons (compared to SE electrons) are used and the back-scattered electrons
are detected. The intensity of the back-scattered signal is proportional to the atomic mass of
the elements in the specimen. This gives contrast that contains compositional information, i.e.
Z-contrast, where heavier elements appear brighter. The electrons are less affected by the electric
charge which make this mode more suitable for oxidised samples.
Scanning electron microscopy (SEM) was performed on a Zeiss Auriga FEGSEM with an
accelerating voltage of 5 kV and a working distance of 5mm. Secondary electron imaging was
used to examine the γ/γ′ microstructure. These samples were ground, polished and etched
electrolytically using a potential of 2.5V in a solution of 2.5% phosphoric acid in methanol.
The X-rays emitted as a consequence of beam-specimen interactions can be registered by
an EDX (energy-dispersive X-ray spectroscopy) detector. Every element has a characteristic
spectrum of X-ray wavelengths which are emitted when excited. Using the EDX the composition
of an area of a sample can be determined. The number and energy of the characteristic X-rays are
detected which gives an approximate measurement of the composition for the material, usually
±1 at.%. To increase the accuracy, the analysis software of the EDX is calibrated against a cobalt
standard. The limitations of the SEM EDX are the size of the excited volume in the sample
(∼6µm in diameter and depth) and that lighter elements cannot be detected accurately or at all.
The analysis for this work was performed on a JEOL JSM6400 SEM with an Inca EDX detector
by Oxford Instruments. It was used to determine the overall composition of the initial alloys to
ensure that the melting process was successful.
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Electron backscatter diffraction (EBSD) is a technique which allows mapping of the crystal
orientation of a sample surface. It can be used to detect textures in materials, to measure the
grain size and size distribution of an area, or to find a grain of a certain orientation.
When the electron beam hits a highly angled polished specimen, some electrons are diffracted
according to Bragg’s law and excite a phosphor screen. This is detected by a CCD chip and
the images are analysed automatically by a software. The diffracted electrons form diffraction
cones. Segments of which (Kikuchi bands) are detected which are characteristic for certain crystal
structures and orientations. This information can be used to index the investigated image pixels.
Because the grain orientation changes at the grain boundaries, the grain size and size distribution
can be determined.
Specimen surfaces have to be prepared for imaging at high resolutions in an SEM. For imaging
of the microstructure, the samples were cut to size and hot mounted in bakelite. These mounted
samples were then ground using a Struers Tegrapol-15 automatic grinding machine. Several
grinding steps with SiC paper up to 4000 grit were performed with a subsequent polish step
using OPS (colloidal silica suspension) on a Struers Tegramin-20 automatic polishing machine.
To improve the contrast between the γ and γ′ phase, the samples were electrolytically etched
using a solution of 2.5% phosphoric acid in methanol. The metal beaker with the etchant solution
was connected to the negative terminal and the sample to the positive. Etching was carried out
for 2-5 s at 2.5V. Specimens for EBSD and EDX were not etched.
Samples from oxidation experiments have a brittle ceramic oxide scale covering the metallic
substrate. These oxide layers could spall off during the grinding process described above. There-
fore, the samples of DM1320PM embedded in epoxy resin whereas the samples of DM1072PM
was coated with Ni. Prior to the Ni-plating, the samples were sputter gold-coated, top and
bottom for 2min at 20mA and 12V AC with a distance of ∼50mm between gold source and
sample, to ensure the adhesion of the Ni. The coating was electro-chemical using the Buehler
Edgemet Kit. The required preparation consists of several cleaning steps; 2min ultrasonic bath
in acetone, 2min in a solution of 10% NaOH in water and 30 s in a Edgemet Pre-Clean Solution
prior to the plating in the Edgemet Solution for 2 to 3 h at 85℃. This results in a even Ni-layer
of ∼2µm.
The epoxy mounted as well as the Ni-plated samples were prepared similarly to the procedure
described above. However, they were cold-mounted in epoxy to avoid spallation of the oxide
due to the high pressure hot-mounting process when using bakelite. Furthermore, instead of the
etching, the polished samples were gold-coated again, for 30 s (20mA and 12V ac), to create an
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electrically conductive layer and avoid charging of the oxide scale during SEM imaging.
3.2.4 Oxidation
Two different types of oxidation experiments were performed during this work. Isothermal oxida-
tion, which is a simple test and does not necessarily represent the behaviour during service, and
cyclic oxidation, which is more complicated, but is closer to the conditions in service.
Isothermal oxidation
The samples for the oxidation experiments were cut to size using SiC blades on a Struers Accutom
50 saw. After the cutting, all surfaces were ground with 800 grit SiC grinding paper using a
Struers Tegrapol-15. The degree of oxidation is measured as a mass gain per unit surface area.
Therefore, the length, width and height of each sample were measured using a digital caliper.
These values were used to determine the overall surface area. The weight of each sample was
measured before and after the experiment using a Sartorius mass balance (max weight 61 g and
d=0.1mg). Because of the small sample size, the expected weight change is in the range of the
last digit of the resolution of the scale. Therefore, each sample was given sufficient time for
the scale to reach equilibrium. For the oxidation, the samples were placed in alumina crucibles
and placed into a furnace at testing temperature. They were exposed to untreated laboratory
air. Upon reaching the desired testing time, the samples were taken out of the furnace and air
cooled whilst remaining in the crucibles. After cooling down, the samples were weighed again
using the same scale and procedure. All experiments were conducted at a temperature of 800℃
which is the desired service temperature for these alloys. The duration of the experiments was
100 h for the ingot alloys and 200 h for the powder metallurgy alloys. The nominal size of the
tested samples was 10 by 10 by 2mm for the ingot alloys and 20 by 10 by 2mm for the powder
metallurgy alloys.
Cyclic oxidation
As mentioned previously, cyclic oxidation is closer to representing the conditions during service
in a jet engine. Thermal stresses occur between the substrate and oxide layers during cooling
because of the difference in the thermal expansion coefficients of the two materials.
The samples were prepared in the same manner as the specimens for the isothermal oxidation.
Only powder metallurgy alloys were tested and therefore the nominal sample size was 20 by 10
by 2mm. Tests were performed at 800℃ for 200 or 1000 cycles. During each cycle the samples
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remained in the furnace for 48 and 50min (200 cycle and 1000 cycle experiments, respectively)
with subsequent cooling for 12 and 10min to achieve room temperature and to allow sufficient
time for intermittent weighing. Up to six samples in individual alumina crucibles were placed
on the end of a retractable stage which automatically inserted and extracted them into and
from the furnace. All samples were weighed before the test and during the cooling phases using
the Sartorius scale. Because of the expected parabolic growth of the oxide scale, the intervals
between the weighing steps were increased over time.
3.2.5 Atom probe tomography
In an atom probe experiment a small needle-shaped sample is analysed by evaporating its nano-
scale tip and detecting the evaporated atoms. The sample can be reconstructed using software
and the local composition in very small volumes can be determined. A strong electric field is
applied to the specimen which is close to being able to evaporate atoms. With a small amount of
additional energy, for example by using a laser pulse, the bond of the atom is broken. The created
ions are accelerated within a short distance from the sample surface and travel at constant speed
towards a detector. The speed of travel is dependent on the mass of the ion and, therefore, the
type of element can be determined if the time of evaporation is known. The electric field is
curved which allows for a higher magnification and therefore a more accurate reconstruction of
the needle-tip.
Needles with a tip diameter of less than 100 nm,were produced using FIB milling. Fig. 3.3
shows the steps of the needle production. A layer of Pt is deposited on the sample surface at the
area of interest (a). Material is removed on three sides around the Pt layer to obtain a section
which is suspended on on side (b). A micro-manipulator (OmniProbe AutoProbe) is attached to
the section using Pt and the remaining connection to the sample is removed (c). The end of the
foil extracted is then positioned on a tip of a carrier array and attached using Pt (d). It is then
cut free and step (d) is repeated. The sample is then sharpened using a series of annular milling
patterns. Fig. 3.4 shows the final needle.
Due to the small volume of the analysed material macroscopic fluctuations within a sample
cannot be detected by this technique. Additionally, the manufacturing of the needles is particu-
larly time-consuming. However, due to the FIB route, specific areas of interest can be selected
to be analysed.
Atom probe tomography was performed on samples of DM1320PM and DM1050PM at the
Department of Materials, University of Oxford. The specimens were prepared using an FEI Helios
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Figure 3.3: Process of manufacturing samples for atom probe tomography produced by FIB
milling.
Figure 3.4: SEM image of finished needle used for atom probe tomography produced by FIB
milling.
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NanoLab 600 DualBeam system with an Omniprobe™. A detailed description of the liftout and
tip sharpening procedure can be found in [139, 140, 141]. The experiment was performed using
a CAMECA LEAP 3000X HR in laser mode at 50K with a pulse energy of 0.4 nJ (DM1320PM)
and 0.3 nJ (DM1050PM), respectively. The detected ions (14 · 106 for DM1320PM and 34 · 106
for DM1050PM) were analysed using the IVAS™ software with a 13 at.% Cr isosurface to define
the boundaries of γ′ precipitates. These allowed the average composition of the secondary γ′
precipitates to be determined. For the matrix, a manually selected subset of ions was used.
Composition profiles were generated using the proxigram approach [142].
3.3 Mechanical testing
In addition to microstructural and oxidation resistance requirements, the alloys need to be able
to withstand the stresses at high temperature that occur in a gas turbine. Therefore, several
different experiments are conducted to evaluate the mechanical properties of the developed alloys.
The samples for the compression and compression creep test were produced in the departmental
workshop whereas the samples for the tensile, tensile creep and fatigue tests were produced by
P S Marsden (Precision Engineers) Ltd, Nottingham, UK. These samples were machined to a
roughness of 0.25µm. For all tests, the temperature was calibrated using thermocouples on
dummy samples to avoid surface damage on actual samples caused by spot-welding.
3.3.1 Compression tests
Compression tests can be used to give a first impression of the strength when only limited
amounts of an alloy are available. Therefore, they were used to characterise the ingot alloys
as well as the powder metallurgy alloys. As mentioned above, the hot-rolled alloys have a
thickness of 5mm including the can, ∼3mm without it. Therefore, cuboidal samples with a size
of 2 by 2 by 3mm were used for the the ingot alloys. They were tested on 5 kN screw-driven
Zwick testing machine in position control using a nominal strain rate of 10−3 s−1. The powder
metallurgy samples were cylinders with a diameter of 6mm and a height of 8mm. The cylindrical
samples for high temperature were coated in Acheson’s Deltaglaze 3418 as a lubricant (except
the room temperature samples). These tests were conducted on a 100 kN hydraulic Mayes load
frame in true strain control with a strain rate of 10−3 s−1. Samples of each alloy were tested
at various temperatures from 20℃ up to 950℃. The individual results can be used to plot the
flow stress over temperature to examine its variation. For the high temperature experiments,
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samples were held at 50MPa during heating to compensate for the thermal expansion of the
sample and the grips. When using an infra-red furnace (all ingot alloys, P/M alloys DM1320PM
and DM1050PM), the tests were started 5min after the sample reached the required temperature.
For the P/M alloys DM1072PM and DM1370PM, a 1-zone furnace was used with a soak time
of 1 h at the designated testing temperature before the experiment was started. The soak times
were used to ensure a uniform temperature distribution within the sample.
3.3.2 Tensile tests
The stress level of the creep and fatigue experiments performed on the powder metallurgy ingots
were based on different percentages of the yield strength of the material. Therefore, tensile tests
were performed to determine these at 650℃. Round samples with a gauge diameter of 2.5mm and
a gauge length of 15mm were used and the tests were performed with a strain rate of 10−3 s−1.
All samples were tested to failure, DM1320PM and DM1072PM on a hydraulic Mayes rig and
DM1050PM and DM1370PM on a hydraulic Zwick rig. Similar to the compression experiments,
the samples were heated up at a load of 50MPa having a soak time of 5min after reaching the
testing temperature. Due to the high temperature setup, an extensometer could not be used
during the experiments.
3.3.3 Creep tests
Creep tests were performed in compression and tension to investigate the behaviour of the devel-
oped alloys under static loads. As mentioned above, powder metallurgy alloys DM1320PM and
DM1072PM were not forged sufficiently, and therefore had remaining prior particle boundaries.
These are most detrimental during tensile creep and therefore these alloys are only tested in
compression.
Compression creep
Cylindrical samples with a diameter of 8mm and a height of 10mm were tested on a 250 kN Mayes
hydraulic testing machine using a Phoenix Calibration controller. The samples were tested at
650℃, using a 3-zone furnace, and different stresses selected for comparison to literature values of
currently used alloys. The sample were heated in load control with an applied load of 50MPa to
compensate for the thermal expansion and tested in laboratory air without a protective coating.
After the desired temperature was achieved, the samples soak for 1 h to allow an equilibrium
to be reached. Afterwards, the testing load is applied and the deformation is registered in 10 s
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intervals. The tests were stopped when the sample reached a state of minimum creep for an
extended period of time, at least several days. The results are not in perfect agreement with
tensile creep experiments. However, they can be used as an alternative when limited material is
available for testing or, in this case, if the results of the tensile creep would not be representative
of the material strength, but of the production method.
Tensile creep
Tensile creep tests were performed on a Zwick hydraulic machine using a Zwick controller with
the software TestXpert 2. In contrast to the compression creep experiments, the behaviour at two
different temperatures (650℃ and 800℃) was examined. Round samples, with a gauge diameter
of 2.5mm and a gauge length of 15mm, were heated in load control at a stress of 50MPa to
compensate for the thermal expansion of the sample and the load train. After a soaking period
of 1 h, the creep load was applied and the elongation of the sample was recorded at 10 s intervals.
The creep stress was selected to be 90% of the yield strength which was determined during tensile
tests at the respective temperatures, as described above. All samples were tested to failure. The
results can be used to compare the alloys to those in service and to other Co-based alloys in
literature.
3.3.4 Fatigue tests
In addition to static creep load, the behaviour of the alloys with dynamic loads needed to be
investigated. This is important for lifing of the component and for understanding the crack
initiation and growth. The fatigue behaviour of all powder metallurgy alloys was tested by LCF
tests on a 100 kN Mayes rig. Samples were tested at 650℃ with loads between 90 and 115% of
their tensile yield strength. The samples had the same dimensions as the tensile creep samples.
Similar to the procedures above, a load controlled heating at 50MPa was used with a subsequent
soaking period of 1 h. The samples were loaded with a trapezoidal waveform of either 1-1-1-1
(loading to the maximum stress within 1 s, holding at the maximum stress for 1 s, unloading to
50MPa within 1 s and holding at the lower load for 1 s) (DM1320PM and some of DM1072PM)
or 0.1-0.1-0.1-0.1 (DM1050PM, DM1370PM and some of DM1072PM). The increased frequency
was used because of the high number of cycles survived by the samples of the respective alloys.
Samples were tested to failure or the test was stopped when 1,000,000 cycles were reached. Data
was acquired using the Instron controller software tracking the cycles as well as the minima and
maxima. The samples were not fully unloaded during the testes due to limitations in the load
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train, resulting in R=∼0.05. To date, no data on fatigue tests have been published for Co-based
superalloys. However, the results can be compared to Ni-based alloys currently used in service.
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4 Alloy development
The aim of this PhD project is the development and testing of alloys to be used in a jet engine,
specifically for high pressure turbine discs. The development of a base system for this work was
done by Hui-Yu Yan as described in Sec. 2.4.2.
4.1 First trial series
The nominal chemical compositions of first two developed ingot alloys, Disco1 and Disco1a, are
given in Tab. 4.1.
At the target service temperature of 800℃, Cr is the dominant oxide former in Co-base and Ni-
base alloys. Therefore, both alloys contain 20 at.% Cr to provide sufficient oxidation resistance.
The high Ni contents of 20 and 21 at.% (resulting in a Co/Ni-ratio of 2) were chosen to enlarge
the γ′ phase field, as described in Sec. 2.4.2 [127]. This addition of Ni was assumed to be sufficient
for ensuring a stable γ/γ′ microstructure and counteracting the de-stabilising effect of Cr.
The amount and types of γ′ forming elements is different between the two alloys. Disco1
contains 10.5 at.% Al, 5 at.% W, 2 at.% Ta and 1.5 at.% Ti whereas Disco1a contains 8 at.% Al,
6 at.% W and 2.5 at.% Ta. The composition of Disco1a is closer to that of compositions published
in literature [123, 126, 3]. However, due to the high Ni content in the alloys, the composition
of γ′ is shifted towards Ni3Al from Co3(Al,W) [127]. Therefore, the amount of Al was increased
in Disco1 and the additions of W and Ta were reduced. Furthermore, this lowers the density of
the alloy which is desirable in aviation, especially for rotating parts. Additions of Ta have been
found to be beneficial in several publications, e.g. [1, 3]. Ti additions were not well understood at
that point in time, but were assumed to be beneficial for the γ′ formation as they are in Ni-base
alloys.
These ingot alloys were produced as described in Sec. 3.1.1. They were aged for 200 h at 750℃
and 800℃ (Disco1 and Disco1a, respectively).
A version of this chapter, is being prepared for publication in Intermetallics.
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Table 4.1: Nominal compositions of the first ingot trials Disco1 and Disco1a (in at.%).
Alloy Co Ni Cr Al W Ta Ti
Disco1 41 20 20 10.5 5 2 1.5
Disco1a 42.5 21 20 8 6 2.5
Figure 4.1: SEM micrographs (SE mode) of the alloys Disco1(a, b) and Disco1a (c, d), showing
several phases which are present in the alloys (Disco1 aged at 750℃ for 200 h, Disco1a
aged at 800℃ for 200 h).
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SEM micrographs of the two alloys are shown in Fig. 4.1. Next to areas with γ/γ′ microstruc-
ture, several other phases exist in both alloys. Disco1 has a higher volume fraction of γ′ but the
amount of the additional phase is greater as well. The particles of these phases are too small to
be analysed using the EDX on an SEM and, therefore, their exact composition was not deter-
mined. However, they were assumed to be CoAl, Co3W or a combination of both. Especially in
Disco1a, the areas around these unknown phases are depleted of γ′ which could be an indication
of lowered amount of Al or W. In Disco1, the matrix might be over-saturated with γ′ formers
and, therefore, depletion of this element is not as pronounced.
4.2 Second trial series
The alloy series DM1 to DM4 was designed to investigate if high γ′ volume fractions are possible
in these complex Co–Al–W alloys (chemical composition given in Tab. 4.2). The numbers 1
to 4 in the alloy name represent the increasing theoretical volume fraction of the two γ′ phases
Co3(Al,W) and Ni3Al from 64% in DM1 and 72% in DM2 to 96% in DM3 and DM4. To calculate
the theoretical volume fraction several assumptions are made; perfect stoichiometric composition
of the γ′ phase, no solution of Al, W and Ta in the γ matrix and complete incorporation of Ta
in Co3(Al,W). The values can be calculated as (fX is the fraction of element X in at.%):
fCo3(Al,W) = (fW + fTa) · 8 (4.1)
(W+Ta are exactly 12.5% of Co3(Al,W), occupying the W sites)
fNi3Al = (fAl − (fW + fTa)) · 4 (4.2)
(Same amount of Al as W+Ta is used in Co3(Al,W), remaining Al is 25% of Ni3Al)
The actual volume fraction of the γ′ phase is expected to be lower than the calculated values,
especially due to the high solubility of Al in the Co matrix. As mentioned in Sec. 2.4.2, Meher
et al. and Bocchini et al. investigated several alloys by atom probe tomography [135, 136, 137].
Their findings show that Al partitions less strongly to γ′ (partitioning coefficients of 1.05 to 1.98)
whereas W does partition strongly (2.19 to 6.21) in all of the tested alloys. This suggests that
in addition to the higher Al content in the γ′ because of the higher Ni content, some Al has
to be added to compensate for the higher matrix solubility. Therefore, DM1 to DM4 contain
more Al than most alloys investigated in the literature. The increased Al content also decreases
the density of these alloys, approaching the density range of Ni-based alloys. Because of the
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Table 4.2: Nominal and actual compositions of the ingot trial series DM1 to DM4 (in at.%) with
theoretical volume fractions of the Co- and Ni-based γ′, assuming perfect stoichiometry
and no solution of γ′-forming elements in the matrix. Actual compositions measured
by IncoTest (Hereford, England) using ICP-OES (inductively coupled plasma optical
emission spectrometry).
Alloy Co Ni Cr Al W Ta Co3(Al,W) Ni3Al
DM1 nom. 32 31 21 12 3 1 32% 32%
DM1 act. 32.5 30.8 20.7 11.9 3.0 1.1
DM2 nom. 43 21 18 12 4.5 1.5 48% 24%
DM2 act. 42.7 20.9 18.0 11.7 4.5 2.2
DM3 nom. 38 18 20 16 6 2 64% 32%
DM3 act. 38.5 18.0 20.1 15.9 5.9 1.6
DM4 nom. 28 28 20 18 4.5 1.5 48% 48%
DM4 act. 28.8 27.8 19.7 17.5 4.6 1.5
high amounts of secondary phases in the previous alloys, the γ′ stability needed to be improved.
Therefore, DM1 and DM4 have higher amounts of Ni, some up to a Co/Ni-ratio of 1.
After solution heat treatment at 1300℃ and super-solvus hot-rolling at 1150℃, these alloys
were aged for 200 h at 800℃. The corresponding micrographs are shown in Fig. 4.2.
The microstructures of these alloys are similar to those of Disco1 and Disco1a. Areas with
γ/γ′ microstructure are present in each of the alloys. However, high volume fractions of other
phases are also present. DM1 shows a stripy microstructure with large areas of different undesired
phases within a γ/γ′ matrix. The volume fraction of secondary γ′ in this area is low compared
to the other alloys and alloys found in the literature. DM2 has a significantly higher volume
fraction of secondary γ′ and overall a larger area with γ/γ′ microstructure. It also contains two
distinct phases which occur conjointly. In DM3, the γ/γ′ morphology is not as pronounced as in
the other alloys and has overall a low volume fraction. Therefore, it has the highest amount of
secondary phases in this alloy trial series. DM4 also contains large amounts of secondary phases
which are of varying morphology. However, in the areas with γ/γ′ microstructure, the γ′ volume
fraction is comparatively high.
DSC was used to determine the γ′ solvus temperature of the alloys. Only alloy DM1 showed
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Figure 4.2: SEM micrographs (SE mode) of the alloys DM1 (a, b), DM2 (c, d), DM3 (e, f) and
DM4 (g, h), showing several phase which are present in the alloys (All samples aged
at 800℃ for 200 h).
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Figure 4.3: Results of compression tests; flow stress of alloy DM1 at various temperatures (γ′
solvus temperature: 965℃) showing high strength at temperatures up to 600℃ and
rapidly decreasing strength beyond that.
a peak in the cooling curve (at 965℃). The other alloys did not show any measurable γ′ solvus.
This could be due to the high fraction of additional phases in all alloys and, therefore, several
phase transformations occurring simultaneously. The occurrence of some of the additional phases
is assumed to be due to the high amounts of Cr in the alloys which is known to destabilise γ′;
alloy DM2 has the lowest amount of other phases and contains the least amount of Cr. It is
apparent that the addition of Ni did not counteract this sufficiently. As mentioned above, some
of these phases are likely to be CoAl and Co3W which could mean that the amount of Al and
W in this trial series is too high.
First compression experiments were performed on samples of alloy DM1, Fig. 4.3. The cuboidal
samples (1.5 by 1.5mm cross-section, 2mm high) were tested at various temperatures, from room
temperature up to 950℃ (γ′ solvus temperature: 965℃). At room temperature, the flow stress
was over 1600MPa which decreased slowly to 1150MPa at 620℃. Beyond this, the decrease in
flow stress was accelerated, 980MPa at 670℃, 800MPa at 720℃, 480MPa at 800℃, 210MPa at
900℃ and 165MPa at 950℃. This flow stress curve shows limited anomalous behaviour. There
is no increase in flow stress with increasing temperature, which is typical for the γ′ strengthened
alloys show in e.g. Fig. 2.21 [4]. This behaviour could be caused by the additional phases which
are present in this alloy. These might be hard and brittle phases which strengthen the material
at lower temperatures but soften it at higher temperatures. The increasing strengthening effect
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of the γ/γ′ microstructure is countered by this softening effect. The brittle phases are not as
detrimental in compression tests as they are in tensile tests, in which they act as crack initiation
sites.
4.3 Third trial series
The results discussed in the previous section suggest that high fractions of Cr and γ′ forming
elements (Al, W and Ta) lead to the formation of undesirable phases despite the addition of Ni,
which has been shown to be a stabilising element that increases the size of the γ′ phase field
[127].
Therefore, the amounts of these elements were reduced significantly for the first alloy produced
in the series; DM1320, Tab. 4.3. This alloy exhibited the desired γ/γ′ microstructure, shown in
Fig. 4.4 (sample aged at 900℃ for 100 h). The secondary γ′ precipitates were cuboidal with a
size of approximately 200 nm. In addition, tertiary γ′ were clearly visible in the γ channels. The
particles were spherical and ∼30 nm in size. No other phases were observed in this alloy.
The influence of the ageing for 16 and 100 h is shown in Fig. 4.5. The 16 h-sample contained
rounded γ′ precipitates which are smaller than the cuboidal particles in the 100 h sample. Jackson
and Reed [53] demonstrated that this smaller size is desired in high temperature applications to
maximise the overall energy needed for APBs to propagate through the material. Therefore, in
Figure 4.4: SEM micrographs (SE mode) of the alloy DM1320, showing the desired γ/γ′ mi-
crostructure (Sample aged at 900℃ for 100 h).
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Figure 4.5: SEM micrographs (SE mode) of the alloy DM1320, showing the desired γ/γ′ mi-
crostructure (Samples aged at 900℃ for 16 h (a) and 100 h (b), respectively).
subsequent alloys the ageing heat treatment consisted of one step: 900℃ for 16 h. This is also
attractive from a manufacturing perspective for minimising production time and, therefore, cost.
Most Co–Al–W alloys published to date have not been optimised for use in turbine engines, and
do not offer sufficient oxidation resistance or solid solution strengthening [4, 126, 143, 125, 134].
To compete with current Ni-base alloys, their oxidation resistance and density have to be compa-
rable and their mechanical behaviour has to be superior. At the desired service temperature, the
oxidation behaviour is greatly influenced by the amount of Cr, whereas the density in lowered
mainly by higher additions of low atomic mass elements, such as Al.
The ingot test series DM1XYZ was created to systematically investigate the upper limits of Cr
(12, 15 and 17 at.%) and Al (10 and 12 at.%), as well as the influence of two different Co/Ni-ratios
(1.0 and 1.3). Their nominal chemical compositions are given in Tab. 4.3. Each alloy contained
3 at.% W and 1 at.% Ta; Ta additions have previously been shown to raise both the γ′ solvus
and fraction [1]. The Al:(W+Ta) ratio used was developed by examining the Co:Ni ratio and
employing the hypothesis that there exists a continuous equilibrium between the γ-(Co,Ni) and
γ′-(Co,Ni)3(Al,W,Ta) phases [127].
The symbols X, Y and Z are a key for the remaining elements (fX is the fraction of element X
in at.%):
X =
(
fCo
fNi
− 1
)
· 10
Y = fCr − 10
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Z = fAl − 10
For example, DM1320 stands for X = 3: ratio of Co/Ni=1.3; Y = 2: 12 at.% Cr and Z = 0:
10 at.% Al.
The microstructures of the alloys DM10YZ are shown in Fig. 4.6 and 4.7 at two different mag-
nifications. Fig. 4.6 shows that Alloys DM1020, 1050 and 1022 only contained γ and γ′ whereas
in alloys DM1070, 1052 and 1072 additional phases were present. Alloy DM1070 contained a
particularly high volume fraction of these phases. However, in Fig. 4.7 it can be seen that in areas
without these additional phases, all alloys have γ′ precipitates with very similar size (diameter
of ∼80 nm) and volume fraction (∼60%). These large globular phases are surrounded by very
fine precipitates which are assumed to be tertiary γ′.
The alloys DM13YZ show similar microstructures, Fig. 4.8 and 4.9. Alloys DM1320 and 1322
show only γ/γ′, while alloys DM1350 and 1370 have low amounts of a coarser phase present
which might be coarse γ′, CoAl or Co3W, and alloys DM1352 and 1372 contain larger amounts
Table 4.3: Nominal compositions of the ingot trial series DM1XYZ (in at.%), density (in g/cm3,
measured by a water balance, uncertainty 0.1 g/cm3) and γ′ solvus temperature (in
℃, determined by DSC using the cooling curve).
Alloy Co Ni Cr Al W Ta density γ′ solvus
DM1020 37 37 12 10 3 1 8.6 1030
DM1050 36 35 15 10 3 1 8.5 980
DM1070 35 34 17 10 3 1 8.7 920
DM1022 36 36 12 12 3 1 8.4 1040
DM1052 35 34 15 12 3 1 8.2 1030
DM1072 34 33 17 12 3 1 8.3 980
DM1320 42 32 12 10 3 1 8.5 1020
DM1350 41 30 15 10 3 1 8.6 970
DM1370 40 29 17 10 3 1 8.4 970
DM1322 41 31 12 12 3 1 8.2 1020
DM1352 40 29 15 12 3 1 8.4 990
DM1372 39 28 17 12 3 1 8.3 980
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of additional phases. Again, the γ′ precipitates were of similar size and volume fraction in all
of these alloys and comparable to the DM10YZ alloy series. Overall, the Co/Ni-ratio has little
influence on the microstructure of the alloys. Only the alloys DM1X70 show a difference in
amount and possibly type of the additional phases.
The γ′ solvus temperature of the alloys are provided in Tab. 4.3. These temperatures were
determined by a DSC using the cooling curve, see Sec. 3.2.2. They ranged from 980℃ for DM1070
to 1030℃ for DM1020 and 1052. The results show that Cr decreases the solvus temperature
whilst Al increases the solvus. The Co:Ni ratio does not significantly influence the γ′ solvus
temperature. Several publications have investigated the influence of various elements on the
γ′ solvus temperature; Cr has little [144, 124] or negative influence [4, 123, 124], Ni has little
influence [144, 124].
The density of the alloys was measured by a water balance using Archimedes’ principle, see
4.3. In the alloy series, Cr additions do not change the density significantly whereas additions of
Al lower the density, as one might anticipate.
To examine the oxidation behaviour, samples of all the alloys were exposed to 800℃ in labo-
ratory air for 100 h. The samples were weighed before and after exposure and their mass change
data are given in Tab. 4.4. The mass change of all samples was in the range of the resolution
capability of the scale and, therefore, the uncertainty of the measurement is high. This might
explain the result for alloy DM1022 which decreased in mass during the high temperature expo-
sure, although no spallation could be observed in any of the samples. Generally, the mass gain
decreased markedly as the Cr content was increased from 12 to 15 at.% and as the Al content was
increased from 10 to 12 at.%. This is consistent with data published for Ni superalloys, where
both Cr and Al additions are found to favour the formation of protective chromia and alumina
scales [8].
However, in three of the four groups of three, alloys containing 17 at.% Cr performed worse
than alloys containing 15 at.% Cr, which may be related to the phase stability and formation
of undesired intermetallic phases. The Ni content has a similar influence. The DM10YZ alloys
performed slightly better than their DM13YZ equivalents, which again may be related to the
underlying tolerance for Cr additions in the matrix γ phase.
Compression tests were performed on DM1320 to compare its strength to alloys investigated
by Suzuki et al. [4]. At room temperature, the flow stress of alloy DM1320 is 930MPa which
was reduced to 910MPa at 700℃, 800MPa at 800℃ and 720MPa at 850℃. Beyond that the
decrease in flow stress accelerated, to 500MPa at 900℃ and finally 360MPa at 950℃. The flow
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Figure 4.6: SEM micrographs (SE mode) of the alloys DM10YZ. Samples aged at 900℃ for 16 h.
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Figure 4.7: SEM micrographs (SE mode) of the alloys DM10YZ. Samples aged at 900℃ for 16 h.
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Figure 4.8: SEM micrographs (SE mode) of the alloys DM13YZ. Samples aged at 900℃ for 16 h.
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Figure 4.9: SEM micrographs (SE mode) of the alloys DM13YZ. Samples aged at 900℃ for 16 h.
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Table 4.4: Mass change during 100 h isothermal oxidation of the ingot trial series DM1XYZ at
800℃ in laboratory air. No spallation of oxides was observed. Weighing was performed
on a Sartorius scale with a maximum weight of 61 g and a resolution of 0.1mg.
Alloy surface area mass0h mass100h mass change specific mass change
- cm2 g g mg mg/cm2
DM1020 2.8330 1.2689 1.2692 +0.3 +0.106
DM1050 2.4543 1.5193 1.5195 +0.2 +0.082
DM1070 1.7137 0.7159 0.7160 +0.1 +0.058
DM1022 1.4232 0.7298 0.7297 -0.1 -0.070
DM1052 2.2634 1.2381 1.2382 +0.1 +0.044
DM1072 2.2064 1.0288 1.0297 +0.9 +0.407
DM1320 2.4646 1.0734 1.0741 +0.7 +0.285
DM1350 2.1512 0.9153 0.9155 +0.2 +0.093
DM1370 2.9773 1.3716 1.3720 +0.4 +0.134
DM1322 1.5199 0.8048 0.8050 +0.2 +0.249
DM1352 2.1304 1.0897 1.0898 +0.1 +0.047
DM1372 1.7836 0.8359 0.8361 +0.2 +0.112
stress anomaly was not as pronounced, which is not unusual in lower γ′ fraction polycrystalline
Ni superalloys. However, no tests were performed between room temperature and 700℃; the
flow stress could have been lower in this interval. Up to 800℃, alloy 2Ta (Co-8.8Al-9.8W-2Ta, in
at.%), by Suzuki et al. [4], exhibits significantly lower flow stresses than alloy DM1320. However,
at 900℃ the flow stress is slightly higher (560MPa) whereas at 930℃ it is similar to DM1320.
In two alloys of the ingot test matrix, DM1050 and DM1350, a small blocky phase was present,
2 to 5µm in size (Fig. 4.11). These precipitates were thought to be carbides formed from traces
of C left in the melter from former steel melts. To verify this, a foil of DM1050 was produced
using a FIB which was analysed (work performed by V.A. Vorontsov) by STEM in HAADF
mode, by phase contrast HRTEM and STEM-EDX, Fig. 4.12. The chemical composition of
these precipitates was determined to be 62Al-38N (in at.%) and the phase contrast HRTEM
showed the microstructure displayed in Fig. 4.12b. The diffraction pattern (c) with a lattice
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Figure 4.10: Change of flow stress vs. temperature of alloy DM1320 compared to the strongest
polycrystalline alloy presented by Suzuki et al., 2Ta (Co-8.8Al-9.8W-2Ta, in at.%),
[4] and alloy DM1.
parameter of 3.82Å is in good agreement with the crystal structure of rock salt (F m -3 m)
with a lattice parameter of 3.95Å [145]. These findings suggest that the blocky precipitates are
aluminium nitrides (AlN). The difference might be due to the stoichiometry which is not 1:1, as
well as temperature influence and microscope calibration. These particles have not been observed
in other alloys and might be due to trace elements. Because of their low volume fraction and
small, round shape they are assumed to not influence the mechanical properties significantly.
4.4 Conclusions
The alloys presented here demonstrated that (Co,Ni,Cr)-(Al,W,Ta) polycrystalline superalloys
featuring the desired γ/γ′ microstructure can be produced and possess high strengths as well as
reasonable oxidation resistance.
However, the amounts of Al and Cr have to be limited to achieve a γ/γ′ microstructure without
precipitating any undesirable intermetallic phases. Overall, Al contents of 12 at.% usually do not
produce the desired microstructure whereas alloys with 10 at.% mostly exhibit it. In alloys
containing 17 at.% Cr, a stable γ/γ′ microstructure without secondary phases was not observed;
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Figure 4.11: SEM micrographs (SE mode) of the alloys DM1050 (a, b) and DM1350 (c, d),
showing the blocky phase within the γ′/γ′ microstructure (Samples aged at 900℃
for 16 h).
although, alloy DM1370 showed only a small volume fraction of a grain boundary phase. The
two investigated Co/Ni-ratios did not exhibit any considerable differences in properties and the
higher Ni content did not counter the destabilising effect of 12 at.% Al.
The Cr content also influences the γ′ solvus temperature as well as the oxidation resistance.
The γ′ solvus temperature is reduced greatly with increasing Cr content, irrespective of the
Co/Ni-ratio. Al has the opposite effect and increases the γ′ solvus significantly. The Co/Ni-ratio
does not change the solvus temperature as strongly.
The influence of Al and Cr on the density was determined for the alloys. Cr additions do not
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Figure 4.12: TEM micrographs of the alloy DM1050; a) STEM in HAADF mode, b) in phase
contrast HRTEM. c) shows the the diffraction pattern (FFT of micrograph) and d)
the diffraction pattern created by Crystalmaker using [145].
show a strong influence on the density, within the measurement uncertainty. Al has a strong
effect, reducing the density significantly for all alloys. However, the density of these alloys is still
slightly higher than the values for competitor Ni-base alloys. These lie within the range of 7.7 –
9.0 g/cm−3, with disc alloys being less dense and blade alloys being most dense [146].
The oxidation behaviour evaluated on the basis of mass change was improved by increasing
the Cr content, however, only if a γ/γ′ microstructure was present. It can be concluded that
a Cr content of 15 at.% and an Al content of 12 at.% is best if only oxidation behaviour is
regarded. When the desired microstructure is taken into account, alloys DM1050 and DM1350
perform best. The results are comparable to contemporary chromia-forming Ni-based alloys such
as RR1000 [147] and Udimet720 [148] (calculated from kp) which have a mass gain of 0.259 and
0.302mg/cm2 in 100 h and 800℃, respectively.
The conducted compression tests on DM1320 showed that this alloy exhibits high strength
compared to the alloys tested by Suzuki et al. [4], especially at lower temperatures. DM1320
shows comparable strength at higher temperatures as well, even though the γ/γ′ microstructure
was not optimised in the samples. These results show promise and it is anticipated that further
optimisation will greatly improve the mechanical properties.
For further investigation, four alloys were chosen and larger forgings were produced using the
powder metallurgy route. The alloys were DM1320, DM1072, DM1050 and DM1370. DM1320
has a lower oxidation resistance, however, the stability of the microstructure was assumed to
be the highest and, therefore, initial studies were performed on this alloy. DM1072 was chosen
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to study the influence of the undesired phases on the properties of the alloy. Considering the
results listed above, alloy DM1050 offers the best compromise of all properties. DM1370 has the
potential to possess the desired microstructure and improved oxidation behaviour.
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5 Characterisation of the alloys produced by
powder metallurgy
5.1 Introduction
As mentioned in the previous chapter, four candidates were chosen of which larger billets were
produced using the powder metallurgy route. In each of the alloys 0.15C, 0.18B and 0.04Zr
were added to act as grain boundary strengtheners. As described in 2.3.2, these elements are
known to be beneficial in analogous Ni-base alloys to increase the strength at elevated tempera-
tures [37]. These small element additions could not be reliably used to the ingot alloys because
the limitations of the melting process.
The alloys were produced as outlined in Sec. 3.1.2. In the first two alloys produced (DM1320PM
and DM1072PM) prior particle boundaries were still present, Fig. 5.1. This is an indication that
the deformation during the forging process was not sufficient. Therefore, the second batch of
alloys (DM1050PM and DM1370PM) was forged to a higher degree.
In this chapter, the alloys are presented and evaluated for potential future use in gas turbine
engines. The γ′ solvus temperatures, γ′ volume fractions and densities are provided. Results of
various mechanical tests are presented including compression, tensile, creep and fatigue experi-
ments. Additionally, the oxidation behaviour under isothermal and cyclic conditions is presented.
The viability of the powder metallurgy route is also examined.
5.2 Results and Discussion
The compositions of the alloys are provided in Tab. 5.1 (some compositions patented in [149]).
The alloys were chosen based on the results of the characterisation of ingot alloys presented
in the previous chapter. The high Ni content increases the γ′ phase field and stabilises the
microstructure [122], the Cr additions improve the oxidation behaviour in this class of alloys
significantly but can destabilise the microstructure [124]. The Al content is increased and the W
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Table 5.1: Nominal and actual compositions of the PM alloys (ICP-OES, Incotest, Hereford, UK
- in at.%).
Alloy Co Ni Cr Al W Ta C B Zr
DM1320PM nom. bal. (42) 32 12 10 3 1 0.15 0.18 0.04
DM1320PM act. bal. 32.9 11.8 9.9 3.0 1.0 0.13 0.20 0.04
DM1072PM nom. bal. (33.5) 33.5 17 12 3 1 0.15 0.18 0.04
DM1072PM act. bal. 32.2 17.4 12.5 3.1 1.0 0.11 0.18 0.04
DM1050PM nom. bal. (36) 35 15 10 3 1 0.15 0.18 0.04
DM1050PM act. bal. 34.2 14.8 10.5 3.0 1.0 0.15 0.20 0.04
DM1370PM nom. bal. (40) 29 17 10 3 1 0.15 0.18 0.04
DM1370PM act. bal. 29.4 17.0 9.5 3.0 1.0 0.15 0.17 0.04
content decreased to compensate for the higher Ni content [122] and C, B and Zr are added as
grain boundary strengtheners.
The γ′ solvus temperature of the presented alloys were determined from the DSC data to be
1010℃ (DM1320PM), 990℃ (DM1072PM), 1000℃ (DM1050PM) and 1010℃ (DM1370PM),
respectively.
Most of the Co-base superalloys presented to date [3, 119, 150] have been targeted at single crys-
tal turbine blade applications, and have compositions in the region of Co-10Al-9(W+Ta) (at.%).
Such high refractory metal concentrations result in an alloy density of over 9 g cm−3, whereas
alloys for disks in particular usually have densities of <8.5 g cm−3. Therefore, in the present case
an additional benefit of the introduction of Ni is that it shifts the γ′ stoichiometry to higher Al
contents, allowing a reduction in the overall alloy density, to 8.7 g cm−3 (DM1320PM), 8.4 g cm−3
(DM1072PM), 8.5 g cm−3 (DM1050PM) and 8.5 g cm−3 (DM1370PM), respectively, for the pre-
sented alloys. For comparison, the Ni-base alloy LSHR [151], see Tab. reftab:comparison-alloy-
compositions, has a density of 8.35 g cm−3 that is ∼2% lower.
5.2.1 Alloy microstructure
The SEM micrographs in Fig. 5.1, 5.2, 5.3 and 5.4 show the microstructures of the alloys
DM1320PM, DM1072PM, DM1050PM and DM1370PM, respectively, in the as-received con-
dition. For all alloys, secondary γ′ precipitates are visible with smaller tertiary precipitates
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between them. Only a very small quantity of other phases were observed in DM1320PM and
DM1050PM. DM1370PM and DM1072PM, on the other hand, showed a higher volume fraction
of other phases. DM1320PM has an average size of the secondary γ′ precipitates of 115 nm, and
a volume fraction of ∼ 60%. For DM1050PM, the secondary γ′ observed have a volume fraction
of ∼ 56% and an average diameter of 88 nm. SEM micrographs of DM1370PM (Fig. 5.4) show a
small volume fraction of secondary phases, roughly 1µm in diameter. The γ′ precipitates have a
volume fraction of ∼ 47% and an average diameter of 95 nm. The lower volume fraction might
be caused by the formation of CoAl phases which remove Al from the matrix or by the increased
Cr, which destabilises the γ′ phase.
It has been shown that γ′ is metastable in ternary Co-Al-W alloys [120] and therefore long
term stability heat treatments were conducted. Samples of the alloys remained at 800℃ for up to
Figure 5.1: SEM micrographs (etched SEI), illustrating the γ/γ′ microstructure of alloy
DM1320PM in the as-received condition.
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Figure 5.2: SEM micrographs (etched SEI), illustrating the γ/γ′ microstructure of alloy
DM1072PM in the as-received condition.
10,000 h. Fig. 5.5 shows DM1320PM (a,b) and DM1072PM (c,d) after 1,000 h (a,c) and 10,000 h
(b,d), respectively, and Fig. 5.6 shows DM1050PM (a,b) and DM1370PM (c,d) after 1,000 h (a,c)
and 5,000 h (b,d), respectively (all samples were air-cooled). The coarsening of the γ′ precipitates
was found to be relatively slow and formation of new undesirable phases was not observed in
DM1320PM, DM1050PM and DM1370PM. For alloy DM1072PM, the 1,000 h sample exhibited
directional coarsening whereas the 10,000 h sample did not. The reasons for this have not yet
been studied.
The grain structure of DM1050PM and DM1370PM has also been observed by EBSD, Fig. 5.7
(Tests performed by K.M. Rahman). The grain size distribution was obtained by fitting a
Weibull distribution to the cumulative distribution function, giving a (number) average grain
size of 2.5µm and 4µm for DM1050PM and DM1370PM, respectively. This range is comparable
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Figure 5.3: As-HIP, forged and heat treated microstructure of alloy DM1050, (left) observed
in backscatter electron imaging to highlight secondary phases such as carbides and
(right) etched secondary electron image to highlight the γ′ distribution.
Figure 5.4: As-HIP, forged and heat treated microstructure of alloy DM1370, etched secondary
electron image at two different magnifications to highlight the γ′ microstructure and
other phases.
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Figure 5.5: SEM micrograph (etched SEI), γ/γ′ microstructure of DM1320PM (a,b) and
DM1072PM (c,d) after 1,000 h (a,c) and 10,000 h (b,d) at 800℃.
Figure 5.6: SEM micrograph (etched SEI), γ/γ′ microstructure of DM1050 (a,b) and DM1370
(c,d) after 1,000 h (a,c) and 5,000 h (b,d) at 800℃.
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µFigure 5.7: Inverse Pole Figure (IPF) coloured, overlaid with band contrast, electron backscatter
diffraction (EBSD) image of the microstructure of DM1050 (top) and DM1370 (bot-
tom), together with the grain size distribution obtained (0.5µm step size, 785 grains
for DM1050 and 0.2µm step size, 1933 grains for DM1370).
103
Figure 5.8: Example of a serrated grain boundary produced by slow cooling from super-solvus
heat treatment in DM1050PM (etched secondary electron imaging, running top-to-
bottom).
Figure 5.9: The as-atomised over- and under-sized powder of DM1050PM, observed using
backscatter electron imaging.
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to that typically obtained for extruded P/M Ni-base superalloys.
Slow cooling from heat treatment temperatures just above or below the solvus is often applied
to produce serrated grain boundaries in high temperature Ni-base superalloys [152]. According
to this, grain boundary serrations are supposed to inhibit grain boundary sliding under high tem-
perature creep conditions, in a similar way to M23C6 carbides. In the present case of DM1050PM,
serrated grain boundary microstructures can also be achieved, Fig. 5.8.
The gas atomised powder of DM1050PM is shown in Fig. 5.9; the sample examined is from
the over- and under-sized powder that was retained for examination. Small satellite powder
particles can be observed on the larger particles, and solidification segregation can be observed
in backscatter electron imaging (Z-contrast). The very fine dendrite arm spacing provides an
indication of the high solidification rates that occur during powder processing, which act to
minimise, but not completely eliminate, such microsegregation. During properly designed HIP
cycles, homogenisation of this microsegregation occurs such that a homogenous low grain size
alloy product is obtained. The option of forging from the as-HIP condition breaks the prior
particle boundaries (PPBs) by introducing high levels of deformation to cause recrystallisation.
Otherwise, the PPBs can result in poor tensile, creep and fatigue performance.
5.2.2 Atom probe tomography
Atom probe tomography was performed on a sample of DM1320PM and DM1050PM at the
Department of Materials, University of Oxford. The measured compositions of the matrix and
the secondary γ′ precipitates are given in Tab. 5.2 (DM1320PM) and 5.3 (DM1050PM). The
accuracy of atom probe data is limited by the low volume which can be analysed at a time and
is therefore not known exactly. Only one measurement per sample could be performed.
The analysis of the atom probe data shows that the composition of the matrix is substantially
different than that of the secondary γ′ for both alloys. The matrix contains high fractions of
Co and Cr whereas γ′ has high fractions of Ni, Al, W and Ta. Comparing these measured
compositions to the alloy, they are generally consistent with a γ′ volume fraction of 45–55%,
which is similar to that measured using electron microscopy.
Previously, Meher et al. have performed measurements for Co-9Al-10W-2Ta (at.%) [136, 135],
and Hwang et al. have performed measurements in the conventional Ni-base P/M polycrystalline
alloy René 88DT (56Ni-13Co-18Cr-4.5Al-4.5Ti-1.2W-0.5Nb-2.4Mo-0.15C-0.08B-0.02Zr, at.%) [153,
7]. These provide a comparison for cases closer to end-member Co- and Ni-base superalloys to
compare to the 1:1 Co:Ni ratio of DM1050PM.
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Figure 5.10: (a) Atom probe tomogram of the DM1050PM needle, with the 13 at.% Cr isosurface
highlighted to illustrate the γ′ precipitates. The arrow shows the interface examined
in (b), illustrating the {100} atomic planes.
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Figure 5.11: Composition profile across the γ/γ′ interface derived using the proxigram approach,
for the secondary γ′. An interface width in excess of 1 nm can be observed.
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Table 5.2: Atom probe tomography measurements of the compositions of the secondary γ′ and of
the matrix excluding the tertiary γ′, in at.%, together with the inferred partitioning
coefficients k (2 s.f.) for DM1320PM.
Co Ni Cr Al W Ta
secondary γ′ 31.8 40.4 5.7 18.1 2.4 1.5
matrix γ 50.9 18.6 23.6 5.7 0.9 0.2
k = Cγ′/Cγ 0.62 2.2 0.24 3.2 2.7 ∼7.5
Table 5.3: Atom probe tomography measurements of the compositions of the secondary γ′ (iden-
tified using a 13.5 at.% Cr isosurface) and of the matrix excluding the tertiary γ′, in
at.%, together with the inferred partition coefficients k (2 s.f.) for DM1050PM.
Co Ni Cr Al W Ta
secondary γ′ 25.2 48.5 4.7 16.6 3.3 1.7
matrix γ 44.8 23.8 24.6 4.7 2.0 0.1
k = Cγ′/Cγ 0.56 2.0 0.19 3.5 1.7 ∼17
Partitioning of Co to the γ phase is observed, an approximate 2:1 ratio between Co and Ni in
both the γ and γ′ phases. This means that the Co/Ni site in the γ′ is approximately two-thirds
Ni. Correspondingly, the W content in the γ′ is reduced from ∼ 12% found in Co-Al-W, as is
the matrix solubility of W (∼ 5% in Co-Al-W). This occurs due to the lower overall W contents
used in the alloy.
In Co-Al-W alloys, the Al content in the matrix and precipitate are found to be very similar,
at around 10-12% (k = 1.1), whereas Al partitions to the γ′ much more strongly in Ni-base
superalloys, k ∼ 8. In the present case, intermediate behaviour is observed, k = 3.2/3.5, which
is consistent with the observations of Shinagawa [127], as are the results for the dependence of
Co partitioning on Ni content. Ta partitions strongly to the γ′ and is a very potent γ′ former,
as in the Co-Al-W situation.
Cr is a very strong γ former, k = 0.2, although the effect is less pronounced than in Ni-base
superalloys, where k < 0.1. Here it should be recalled that in both conventional solid solution,
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carbide strengthened Co-base superalloys, such as Haynes 188, and Ni-base disc alloys, the γ
matrix will often contain > 25 at.% Cr. The difference in this case is that around 5% Cr exists in
the γ′, compared to only 2 at.% in René 88DT, which implies that Co-Ni-base superalloys should
be able to tolerate higher levels of Cr at a given γ′ fraction than conventional high temperature
Ni-base alloys, and hence possess better oxidation resistance (below the point at which chromia
volatilises, >1000℃).
5.2.3 Mechanical behaviour
Compression tests
Fig. 5.12 shows the results of the compression tests conducted on DM1320PM and DM1072PM
with the as-received microstructure showing the dependence of flow stress (σy,0.2) on temperature.
DM1320PM exhibits the anomalous behaviour known from Ni-base alloys, where the flow stress
increases with increasing temperature, in this case at 650 – 800℃. At room temperature the flow
stress exceeds 1000MPa, but is decreased at 650℃. It then increases up to 800℃ to 850MPa,
followed by a rapid decrease beyond that peak value. It should be recalled that the flow stress
anomaly is attributed to the cross-slip of screw dislocations from the octahedral to the cube plane,
causing the formation of Kear-Wilsdorf locks. This phenomenon breaks down when thermally
activated slip on the cube plane becomes available (for a fuller discussion, see, e.g. [7]).
DM1072PM is stronger at lower temperatures up to 750℃. Above this temperature, the flow
stress decreases even more rapidly than for DM1320PM.
DM1050PM and DM1370PM were tested in the serrated grain boundary condition, Fig. 5.13.
For DM1050PM, a room temperature (RT) flow stress of 920MPa was obtained with 820MPa at
800℃. DM1370PM exhibits slightly higher flow stress of 940MPa at RT and 835MPa at 800℃.
The flow stress anomaly was again observed in both alloys.
Compared to the alloys reported by Suzuki et al. [4], the strength of the tested alloys is
significantly greater, and similar to those found for a high γ′ directionally solidified Ni-base
blade alloys such as Mar-M247 (although in both of those cases the alloys concerned are single
crystals and lacked grain boundary strengthening).
It is noteworthy that the temperature at which the flow stress anomaly breaks down is even
higher than that for Mar-M247, despite the very high solvus temperature (∼1200℃) [154] when
compared to that of the presented alloys (1000℃ and 1010℃, respectively). Therefore, it appears
that high-Co, high-W γ′ only begins to suffer from the breakdown of Kear-Wilsdorf locks at a
108
 σ
y,0
.2
  (M
Pa
)
Figure 5.12: Flow stress behaviour with temperature for compression tests of DM1320PM and
DM1072PM with the as-received microstructure compared to the strongest alloy
published by Suzuki et al. (single crystal) as well as Mar-M247 (Ni-base superalloy)
and Haynes188 (conventional Co-base alloy) [4].
higher temperature than in case of Ni-Al-based γ′. This might be explained by the fact that W
will tend to restrict diffusion and hence thermally activated slip.
The γ/γ′ microstructure of the alloys in the as-received condition is not optimised. To study
the influence of this microstructure on the flow stress, a different heat treatment was conducted
on DM1320PM, similar to [53]. The as-received samples were homogenised at 980℃ for 1 h with
a subsequent water-quench. This dissolves most of the secondary and all of the tertiary γ′. Thus,
the remaining secondary γ′ are then termed primary precipitates. After the homogenisation, the
samples were aged at 830℃ for 2 h. During this step the secondary γ′ precipitates coarsened,
with a high number density of γ′ precipitates ∼ 50 nm in diameter being observed (Fig. 5.15b).
The results of this test series are shown in Fig. 5.14. The flow stress up to 750℃ is higher for
the samples with the alternative heat treatment, but is slightly lower beyond 750 ℃. The finer
secondary γ′ after the alternative heat treatment improved the flow stress at lower temperature
because their size (∼50 nm) is in the range that provides maximum resistance to cutting by
weakly coupled dislocation pairs. This leads to cutting by strongly coupled pairs [53]. On the
other hand, the fine tertiary/secondary γ′ start to dissolve at temperatures above 750℃ and their
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Figure 5.13: Flow stress behaviour vs. temperature for alloys DM1050PM and DM1370PM, com-
pared to data from Suzuki et al. [4].
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Figure 5.14: Flow stress behaviour with temperature for compression of DM1320PM in the as-
received state and after alternative heat treatment.
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Figure 5.15: SEM micrograph (etched, SEI), γ/γ′ microstructure of DM1320PM, as-received (a)
and alternative heat treatment (b) – homogenised at 980℃ for 1 h, water-quenched,
aged at 830℃ for 2 h, air-cooled.
strengthening effect disappears. The as-received alloy is stronger at these higher temperatures
because of the higher volume fraction of γ′ precipitates between 100 and 200 nm in size.
Tensile tests
The stress level of the tensile creep and fatigue experiments is based on a percentage of the
yield stress of the alloys. Because of the high temperature setup used, the strain could only be
measured using the actuator position. Therefore, the measured strain is higher than the strain
experienced by the specimen. Tensile tests at 650℃ were performed; the results are shown in
Fig. 5.16 and 5.17. The yield stresses have been measured to be 860 and 940MPa and the
ultimate tensile strength 1120 and 1130MPa for DM1320PM and DM1072PM, respectively. For
DM1050PM and DM1370PM, the yield stresses have been measured to be 735 and 810MPa and
the ultimate tensile strength 1080 and 1190MPa, respectively.
Creep tests
The results of the compression creep test are given in Tab. 5.4 and Fig. 5.18. Because of the
uncertainty in the cross-head position, the deformation over a duration of 500 ks (∼140 h) was
used (starting after between 200 ks and 300 ks (∼55-85 h) depending on the curve) to determine
an average creep rate. The sample of DM1072PM has a significantly higher average creep (1.43 ·
10−8 s−1) rate than the other alloys, by one order of magnitude. This might be due to the higher
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Figure 5.16: Results of tensile tests on alloys DM1320PM and DM1072PM at 650℃ (round
specimen, gauge length 15mm, gauge diameter 2.5mm).
 
 







	











 
	  
 
 
Figure 5.17: Results of tensile tests on alloys DM1050PM and DM1370PM at 650℃ (round
specimen, gauge length 15mm, gauge diameter 2.5mm).
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stress applied to the DM1072PM sample and its microstructure. Alloy DM1050PM performed
best in the test series with an average creep rate of 4.76 · 10−10 s−1 compared to 1.14 · 10−9 s−1
for DM1320PM and 3.14 · 10−9 s−1 for DM1370PM.
The results of the creep experiments were compared to Alloy X (non-γ′ forming alloy, for com-
position see Tab. reftab:comparison-alloy-compositions) [155], Fig. 5.20, using the Larson-Miller
parameter for a deformation of 1% creep strain because no failure occurs during compression
creep. The samples of the tested alloys perform significantly better than Alloy X. All of the
tested alloys can withstand an additional load of ∼550MPa when having the same value of the
Larson-Miller parameter as Alloy X. However, Alloy X is not a Ni-base superalloy and the data
obtained in tensile creep tests which influences the time to 1% creep, especially for alloys with
a pronounced primary creep region. Tensile creep tests could not be performed on DM1320PM
and DM1072PM because of insufficient deformation during the forging process. The prior par-
ticle boundaries were still present which weaken the microstructure significantly in tensile creep
conditions.
As mentioned above, the average creep rate over 500 ks (∼140 h) was determined and compared
to several Co and Co-Ni-based alloys by Titus et al. and René N4 [143], Fig. 5.19. However, these
tests were performed at significantly higher temperatures and lower stresses which only allows for
a qualitative comparison. Extrapolation of the data for René N4 at three temperatures suggests
that the measured creep rates of all tested alloys at 650℃ would be exhibited at 750℃ by
René N4.
In both comparisons (Fig. 5.19 and 5.20), DM1320PM and DM1050PM perform slightly better
than DM1072PM and DM1370PM.
In addition, tensile creep tests have been performed on alloys DM1050PM and DM1370PM
at 650℃. These were loaded with a force equivalent to 90% of the tensile yield stress, Tab. 5.5.
The elongation was measured using the cross-head position, which is likely to be the reason for
the irregular creep curves, Fig. 5.21.
The time to failure varied strongly between each pair of samples (229 ks (∼64 h) and 46 ks
(∼13 h) for DM1050PM, 125 ks (∼35 h) and 357 ks (∼99 h) for DM1370PM). However, the strain
at the point of failure was similar (6.88% and 8.02% for DM1050PM, 12.30% and 11.37% for
DM1370PM). All samples exhibited a region of primary creep up to ∼2% strain. The transition
between secondary and tertiary creep was not as clear in all samples. Only DM1050PM B5.4
and DM1370PM B5.7 showed a longer period with a minimum creep rate. However, due to the
sudden changes of strain, no minimum creep rates could be determined.
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Table 5.4: Results of compression creep tests on alloys DM1320PM, DM1072PM, DM1050PM
and DM1370PM using 90% of the compression flow stress (650℃, cylindrical sample,
height 10mm, diameter 8mm).
Alloy σ (MPa) T (℃) t1 % (ks) ε˙average (s−1)
DM1320PM 765 650 544 1.14 · 10−9
DM1072PM 837 650 31 1.43 · 10−8
DM1050PM 711 650 1,062 4.76 · 10−10
DM1370PM 738 650 281 3.14 · 10−9
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Figure 5.18: Results of compression creep tests on alloys DM1320PM, DM1072PM, DM1050PM
and DM1370PM using 90% of the flow stress (650℃, cylindrical sample, height
10mm, diameter 8mm).
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Figure 5.19: Comparison of the average creep rate (500 ks (∼140 h) interval, starting after 200 and
300 ks (∼55-85 h)) during compression creep tests (650℃ and 90% of flow stress) for
DM1320PM (1), DM1072PM (2), DM1050PM (3) and DM1370PM (4) compared
to Co-Ni-base alloys by Titus et al. and René N4 [143].
Figure 5.20: Comparison of compression creep results (stress vs. Larson-Miller parameter for 1%
creep strain) for DM1320PM (1), DM1072PM (2), DM1050PM (3) and DM1370PM
(4) compared to alloy X by Swindeman et al. [155].
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Figure 5.21: Results of the tensile creep tests for two samples each of the alloys DM1050PM and
DM1370PM (650℃, 90% of the yield stress).
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Figure 5.22: Comparison of the tensile creep results of DM1050PM and DM1370PM with U720Li,
TMW-4 and ME-3 (Larson-Miller Parameter P with T in Kelvin, t in hours), *
from [156].
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Figure 5.23: Fracture surface of samples (a) DM1050PM (B5.4), (b) DM1050PM (B5.7), (c)
DM1370PM (B5.5) and (d) DM1370PM (B5.7) after tensile creep at 650℃ and
90% of the yield stress.
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Table 5.5: Results of tensile creep tests on alloys DM1050PM and DM1370PM using 90% of the
tensile yield stress (round specimen, gauge length 15mm, diameter 2.5mm).
Alloy (sample) σ (MPa) T (℃) tbreak (ks) εfailure (%)
DM1050PM (B5.4) 711 650 229 6.88
DM1050PM (B5.7) 711 650 46 8.02
DM1370PM (B5.5) 729 650 125 12.30
DM1370PM (B5.7) 729 650 357 11.37
Fig. 5.22 shows a comparison of the tested alloys to the commercial alloys U720Li (C&W) and
ME-3 (P/M) and an experimental alloy TMW-4, a mixture of U720Li with Co-16.9wt.%Ti [156]
(compositions given in Tab. reftab:comparison-alloy-compositions). The Larson-Miller parame-
ter P = T (20 + log t)10−3 (T in K, t in h) includes time to rupture and testing temperature.
The results show that for the DM alloys the time to failure is significantly lower than for the
commercial alloys. During creep, dislocations travel through the γ channels, therefore, strength-
ening of the γ phase might be beneficial to decrease the creep rate of the developed alloys. With
the exception of Cr, all elements partition strongly to the γ′ phase and therefore do not offer any
strengthening effect for the γ phase.
The fracture surfaces of the four samples are shown in 5.23. The fracture surfaces of the two
DM1050PM samples are very similar, as are the ones of DM1370PM. The DM1050PM samples
exhibit a smaller area with ductile fracture compared to the DM1370PM samples, which is
consistent with their elongation to failure. No prior particle boundaries were observable in any
of the samples.
Fatigue tests
The fatigue performance of the produced powder metallurgy alloys was tested in LCF experiments
at 650℃. Due to limited number of samples only one or two samples per alloy could be tested.
All alloys were tested at 99% of their yield stress. The sample of DM1320PM failed after 17,334
cycles, whereas the sample of DM1072PM was stopped after 126,000 cycles without failing (both
experiments used the 1-1-1-1 loading profile (0.25Hz), see Sec. 3.3). Therefore, the stress for
DM1072PM was increased to 115% of its yield point and the load profile changed to 0.1-0.1-
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0.1-0.1 (2.5Hz) to decrease the time to sample failure. This sample failed after 10,810 cycles,
Tab. 5.6.
Tests using the higher frequency testing conditions were also performed on DM1050PM and
DM1370PM. At 99% of the yield stress, both alloys did not fail and the tests were stopped after
106 cycles. After the stress was increased to 115% of their respective yield points, the sample of
DM1050PM failed after 280,158 cycles and the sample of DM1370PM failed after 316,961 cycles,
Tab. 5.6.
To date, no data for fatigue on the new class of Co – Co3(Al,W) alloys has been published.
Therefore the results were compared to Ni-base alloys. Fig. 5.24 shows the results of the fatigue
experiments in comparison to the single crystal Ni-base superalloy CMSX-4 (composition given
in Tab. reftab:comparison-alloy-compositions) with R = 0 at different temperatures as well as
high and low frequency (The authors do not provide information about the surface condition of
the tested samples) [157]. DM1320PM performs slightly worse than CMSX-4, which has approx-
imately twice the number of cycles to failure under similar conditions. DM1072PM performs
better than CMSX-4. Both of the specimens exhibit a number of cycles to failure of at least
fourfold under similar conditions. The high volume fraction of undesired phases in DM1072PM
do not show a significant detrimental effect on its fatigue performance. This is surprising, since
hard precipitates may act as initiation sites for cracking.
DM1050PM and DM1370PM perform significantly better than CMSX-4. At 730MPa, the
cycles to failure for CMSX-4 are approximately 115k, whereas DM1050(1) survived 106 cycles.
The other samples show a similar performance; at 800MPa DM1370PM (1) survived 106 cycles
and CMSX-4 fails after ∼70k cycles, at 850MPa DM1050(2) fails after ∼280k cycles compared
to 50k cycles and at 930MPa DM1370(2) fails after ∼310k cycles compared to 35k cycles.
The fracture surfaces of all failed samples are shown in Fig. 5.25, 5.26, 5.27 and 5.28. In the
higher magnification view of the fracture surface of DM1320PM (Fig. 5.25b), the area of crack
propagation, whole particles or grains are visible. This is an indication that the deformation
during forging was insufficient and that the cracking occurred along prior particle boundaries.
The crack initiated on the surface of the sample, potentially a machining mark.
The crack in the sample DM1072PM (2) started internally showing a large area in the centre
with ductile behaviour and a ring on the outside showing brittle behaviour. The initiation site
could not determined exactly for this sample. However, it is most likely that one precipitate of
the undesirable intermetallic phases caused the initiation. Fig. 5.26a does not show the prior
particles as pronounced as DM1320PM.
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Table 5.6: Results of the fatigue experiments on DM1320PM, DM1072PM, DM1050PM and
DM1370PM at different percentages of their yield stress (650℃, R=∼0.05, f=0.25
or 2.5Hz, *sample did not break).
Alloy stress cycles to failure
DM1320PM 851MPa (99%) 17,334
DM1072PM (1) 930MPa (99%) 126,000*
DM1072PM (2) 1081MPa (115%) 10,830
DM1050PM (1) 728MPa (99%) 1,000,000*
DM1050PM (2) 845MPa (115%) 280,158
DM1370PM (1) 802MPa (99%) 1,000,000*
DM1370PM (2) 932MPa (115%) 316,961
Figure 5.24: Results of the fatigue experiments on DM1320PM, DM1072PM, DM1050PM and
DM1370PM (650℃, R = ∼0.05, f = 2.5Hz) compared to the single crystal Ni-
base superalloy CMSX-4 (R = 0, different temperatures at low and high frequency),
from [157].
120
Figure 5.25: Fracture surface of alloy DM1320PM after fatigue at 650℃ and 851MPa. Showing
details of the initiation site (a), the area of crack propagation (b,c) and a comparison
between the area of crack propagation and the area of catastrophic failure (d).
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Figure 5.26: Fracture surface of sample DM1072PM (2) after fatigue at 650℃ and 1081MPa.
Showing details of the area of crack propagation (a) and a comparison between the
area of crack propagation and the area of catastrophic failure (b).
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Figure 5.27: Fracture surface of sample DM1050PM (2) after fatigue at 650℃ and 845MPa.
Showing details of the initiation site surrounded by an area of ductile behaviour(a)
and an area of transition from ductile to catastrophic failure (b).
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Figure 5.28: Fracture surface of sample DM1370PM (2) after fatigue at 650℃ and 932MPa.
Showing details of the initiation site surrounded by an area of ductile behaviour(a)
and an area of transition from ductile to catastrophic failure (b).
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The fracture surfaces of the samples of DM1050PM and DM1370PM show only a small area
of ductile fracture, Fig. 5.27 and 5.28. For DM1050PM, the crack initiated within the material,
whereas the crack in the DM1370PM specimen started at the surface, see Fig. 5.27a and 5.28a.
Furthermore, both samples show an extended area of transition from ductile to catastrophic
failure, Fig. 5.27b and 5.28b.
5.2.4 Oxidation behaviour
Cross-sections of oxide scales formed on samples of DM1320PM and DM1072PM after isothermal
oxidation for 200 h at 800℃ are shown in Fig. 5.29 and 5.30 with the corresponding mass changes
given in Table 5.7. For comparison, values for a typical Ni-base superalloy, a modified Udimet
720, (calculated from kp value) and a solid-solution hardened Co-base alloy Haynes 188 are also
given [148, 158]. For DM1320PM, the continuous and adherent oxide scale observed was between
0.5 and 1µm thick. Spallation of the oxide was not observed. Formation of other phases, such as
Co3W, was not observed in the base metal beneath the oxide. DM1072PM, on the other hand,
forms a thicker layer of 2µm with some area up to 4µm. In this alloy, other phases are visible
underneath the oxide scale, which could have been formed during the oxidation or were present
in the received alloy. The oxide scale after the isothermal oxidation is adhered, of relatively even
thickness and continuous. This suggests that a protective layer of oxide is formed early in the
process which drastically inhibits further oxidation of the samples.
Most Co-Al-W alloys in the literature form Co3W underneath the oxide scale [126]. Their
Al2O3 layer depletes the underlying base metal of Al, thereby enriching it in W. This favours
formation of Co3Wwhile depleting the microstructure of γ′. The absence of Co3W in DM1320PM
suggests that the zone underneath the oxide scale is not depleted sufficiently of Al to destabilise
γ′. This can be explained by the higher Al and lower W contents.
The Co-base alloy, Haynes 188, used for comparison is a solid-solution and carbide strengthened
alloy containing 26 at.% Cr, whereas the classic disc alloy Udimet 720 studied by Chen contained
19 at.% Cr [10] (compositions given in Tab. reftab:comparison-alloy-compositions). These higher
Cr contents favour the formation of Cr2O3 scales earlier during oxidation and protect the alloy
more effectively.
The results of the cyclic oxidation tests on DM1320PM and DM1072PM are given in Table 5.8.
The mass gains during these experiments were similar to those in the isothermal tests. The lower
value directly correlates to the shorter time at 800℃. Fig. 5.32 shows a cross-section of the oxide
scale on DM1320PM after the cyclic tests. The scale is not as uniform as that found in the
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Figure 5.29: Cross-sectional view of the oxide scale above the base alloy of DM1320PM after
200 h isothermal oxidation at 800℃ (sample is gold-coated, BSE mode).
isothermal oxidation samples and more internal oxide formation was observed. The thickness of
the scale varied between 1 and 4µm. In addition, some regions show the formation of blister-like
features (Fig. 5.31) which has a thicker outer oxide scale and more severe internal oxidation.
Similar mass gains in the samples after cyclic and isothermal oxidation may mean that the
adhesion of the oxide scale is sufficient to avoid severe cracking or spallation. Although, the
difference in appearance of the scale after cyclic oxidation could mean that it takes more time to
form a protective oxide. This would explain the more pronounced internal oxide formation and
the overall less even scale.
The oxide scale of the blister-like feature looks similar to scales of alloys with low Cr con-
tents [124] which may be due to localised compositional fluctuations. In those cases, a relatively
thick outer Co3O4 layer forms, underneath a complex mixed oxide and finally a protective Al2O3
Table 5.7: Average mass change of the alloys after isothermal oxidation (200 h at 800℃). Mass
gain of Udimet 720 [148] (calculated) and Haynes 188 [158] are given for comparison.
Alloy Cr-content areal mass gain
(in at.%) (in mg cm−2)
DM1320PM 12 0.096
DM1072PM 17 0.076
Udimet 720 19 0.43
Haynes 188 26 0.17
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Figure 5.30: Cross-sectional view of the oxide scale above the base alloy of DM1072PM after 200 h
isothermal oxidation at 800℃ (specimen Ni-plated before preparation, gold-coated,
BSE mode).
Figure 5.31: Oxide feature observed after cyclic oxidation. Cross-section of the oxide scale after
200 cycles (48min in the furnace, 12min out of the furnace) at 800℃, sample gold-
coated, BSE mode).
layer [124]. Samples of DM1050PM and DM1370PM were only subjected to isothermal oxida-
tion (200 h at 800℃). Area mass gains of 0.057mg cm−2 and 0.058mg cm−2 respectively were
obtained at the limit of measurement accuracy for intermittent weighing. These results are en-
couraging relative to the value of 3mg cm−2 obtained for Co-9Al-9W-0.12B (at.%) at 800℃ by
Klein et al. [129].
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Table 5.8: Average mass change of DM1320PM and DM1072PM after isothermal oxidation (200 h
at 800℃) and cyclic oxidation (200 cycles, each composed of 50min at 800℃ and
10min out of the furnace cooling towards room temperature).
Alloy type time at 800℃ areal mass gain
(in h) (in mg cm−2)
DM1320PM isothermal 200 0.096
cyclic 167 0.077
DM1072PM isothermal 200 0.076
cyclic 167 0.077
Figure 5.32: Cross-section of the oxide scale on DM1320PM after 200 cycles (48min in the furnace,
12min out of the furnace) at 800℃ (gold-coated, BSE mode).
The oxide scale obtained from the polycrystalline DM1050PM after 400 h is shown in Fig. 5.33.
Two distinct crystalline oxide forms can be observed on the surface, supported by SEM-EDX
analysis; a facetted oxide with the approximate composition 22Al-10(Co,Ni)-68O (at.%), and a
nodular oxide with the approximate composition 12Al-12Cr-12(Co,Ni)-64O. Both are suspected
to be spinels. Cross-sectional analysis of the oxides by TEM is ongoing (PhD project of F.
Ismail), but it appears that a continuous Al2O3 oxide scale is formed after 300 h. However, with
void formation at the interface between the oxide and metal. The appearance of such layers
underlying a surface spinel was observed by Yan et al. in a previous less oxidation-resistant alloy
Co-7Al-7W-10Cr (at.%) [125], which showed an areal mass gain of 2.0mg cm−2 after 100 h at
800℃.
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Figure 5.33: Oxide scale formed on the surface of DM1050PM after 400 h oxidation in laboratory
air at 800℃ (secondary electron imaging).
5.3 Conclusions
Powder metallurgy ingots have been produced to investigate the viability of this manufacturing
process, as well as producing larger billets with uniform composition. This allows for a more
in-depth characterisation and mechanical testing compared to 50 g arc melted ingots.
These alloys have similar microstructures to their arc-melted counterparts, which were pre-
sented in Ch. 4. The high Ni concentrations stabilise the γ′ phase in the case of DM1320PM and
DM1050PM, however, DM1370PM and DM1072PM contains excessive amounts of Cr and/or Al
which lead to the formation of undesirable intermetallic phases.
The densities of the alloys have been measured to be 8.7, 8.4, 8.5 and 8.5 g cm−3 for DM1320PM,
DM1072PM, DM1050PM and DM1370PM, respectively. These are similar to Ni-base alloys
currently used. However, further reduction by optimisation of the alloy composition would be
beneficial. The γ′ solvus temperatures (1010℃, 990℃, 1000℃ and 1010℃, respectively) are
high enough for the prospective upper service temperature for turbine discs of 800℃, but may
present additional manufacturing challenges. Higher solvus temperatures would be desired if
used for higher temperature applications, such as turbine blades.
For DM1320PM, a γ′ fraction of ∼60% and a secondary γ′ size of 115 nm. DM1050PM and
DM1370PM, have a γ′ fraction and size of ∼56% and 88 nm (DM1050PM) and ∼47% and 95 nm
(DM1370PM).
Different heat treatments of DM1050PM showed that, similarly to Ni-base superalloys, serrated
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grain boundaries can be produced.
The alloys show good oxidation resistance, 0.096mg cm−2 (DM1320PM), 0.076mg cm−2
(DM1072PM), 0.057mg cm−2 (DM1050PM) and 0.058mg cm−2 (DM1370PM) mass gain after
200 h at 800℃. The oxidation performance is similar to that of modern Ni-base disc alloys.
However, the void formation underneath the oxide layer of DM1050PM as well as long term
stability of the oxide scale has to be studied further.
The results of the high temperature compression tests are promising and show similar strengths
at elevated temperature for DM1320PM, DM1050PM and DM1370PM. DM1072PM is signifi-
cantly stronger at lower temperatures up to 750℃, however beyond that temperature the strength
drops off quickly. With further optimisation of the composition and the microstructure, it might
be possible to push the drop of the flow stress to higher temperatures which would enlarge the
potential service temperature range.
All presented alloys perform better than Alloy X in compression creep. However, this has
limited relevance for turbine discs and their average creep rate might be higher than the minimum
creep rate exhibited by René N4 at the same temperature. The tensile creep performances of
DM1050PM and DM1370PM were not as good as that of commercial Ni-base alloys, most likely
due to the lack of solid solution strengtheners.
The fatigue results of the alloys are promising; DM1072PM, DM1050PM and DM1370PM
showed superior performance compared to CMSX-4 with numbers of cycles to failure at least five
times greater. The sample of DM1320PM did not perform as well. However, the fracture surface
showed that prior particle boundaries might have weakened the alloy.
The atom probe tomography of DM1320PM and DM1050PM showed strong partitioning of
Co to γ and Ni to γ′ (around 2:1 in each case). The solubility of Cr in γ′ was also greater than
in the case of Ni-base superalloys. Al showed similar partitioning behaviour to that observed in
Ni-base superalloys, and substantial solubility of W in γ (2 at%) was observed for DM1050PM,
however not in DM1320PM.
Overall, these P/M alloys show promising mechanical properties and oxidation behaviour. How-
ever, the creep performance of the alloys needs to be improved substantially to be considered for
service. In addition, the density and the γ′ solvus temperature need to be improved significantly.
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6 Conclusions and Further Work
Since the discovery of the Co3(Al,W) γ′ phase in the Co–Al–W sytem in 2006 by Sato et al. [1],
their viability as a substitute for Ni-base superalloys has been studied extensively.
The alloys in this PhD project were based on the Co–Al–W system with large additions of
Ni to increase the γ′ phase field. This stabilises the γ/γ′ microstructure when Cr is added for
oxidation resistance. Ta is added as an γ′ former which has been found to greatly increase the
γ′ solvus temperature.
Initial alloys were used to determine the upper limits for Al and Cr additions whilst retaining
a stable γ/γ′ microstructure. The influence of Al and Cr content as well as the Co/Ni ratio on
the isothermal oxidation behaviour, the density and the γ′ solvus temperature was also studied.
Compression tests were performed on some alloys to compare their strength to alloys in the
literature.
Four compositions were chosen and larger billets produced via the powder metallurgy (P/M)
route. For these alloys, small amounts of C, B and Zr were added as grain boundary strengtheners.
For these P/M alloys, their microstructure, γ′ solvus temperature, density, isothermal and cyclic
oxidation behaviour, element partitioning to γ and γ′ by atom probe tomography as well as their
compression strength from room temperature up to 900℃, their creep behaviour in compression
and tension and their fatigue behaviour were studied.
In summary, while the results that have been obtained to date are promising in that similar
properties to Ni-base superalloys appear to be attainable, whether superior Co- or Co-Ni-base
superalloys will be used in jet engines is unknown at this time. Nevertheless, 9 years on from
the first report of the Co3(Al,W) phase, substantial progress has been made. Even if only
similar properties can be obtained, the additional flexibility provided to the alloy designer should
enable different balances of properties. Across the engine, this might allow different alloys to be
better tailored for different applications requiring strong and ductile, creep and fatigue resistant
materials that can operate in oxidising and sulphidising conditions.
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Suggestions for Further Work
The main need for the present alloys is for greater high temperature strength. Modern Ni base
polycrystalline powder disc superalloys are strengthened both by grain boundaries and by γ′
precipitates. Matrix strength is also a key requirement and this is the reason for the addition of
2.7 and 3.8wt.% Mo in LSHR and ME3, respectively [7].
1. These observations suggest that improving the grain boundary strengtheners may be useful;
the present alloys used an unoptimised HIP cycle that produced MC-type carbides while
improved grain boundary element contents and processing may give better creep resistance.
In addition, the influence of carbide and boride formation has to be studied. This has been
the topic of work already begun by two follow-on PhD students, F. Ismail and P. Mulvey.
2. This also suggests that the γ′ content need to be increased, increasing the solvus tempera-
ture. As long as the strength at the forging temperature remains manageable, this appears
to be attractive. This would also involve increasing the Al content, possibly at the expense
of Cr, which is probably also beneficial since alumina forming alloys are desired rather than
chromia formers.
3. Finally, improving the matrix strength in creep, by adding γ-partitioning solid solution
strengtheners such as Mo, may also be helpful. This is indicated by the greater strength,
tensile creep ductility and better fatigue behaviour of DM1370PM which contains a higher
fraction of Cr.
Whilst the oxidation resistance of these alloys is very good, it has to be at least as good, and
preferably better, at the service temperature than present alloys. This might also allow for an
increase in service temperature of 50℃ or more. One concern is that the oxide scales, whilst
remaining intact, do appear to detach from the substrate. Therefore improving the alumina
formation, and further studying the oxidation mechanisms, is also desired. F. Ismail’s PhD aims
to examine this.
The dislocation mechanisms occurring during creep have yet to be examined in greater detail
in this alloy system. Of concern is the proposition of Titus et al. that the APB energy for Co-Ni
base γ′ would be lower than in either Ni3Al or Co3(Al,W) [159], as APB strengthening is critical
in high stress precipitate shearing creep modes. V.A. Vorontsov’s Junior Research Fellowship
investigates this aspect, especially from a modelling perspective. Once an alloy with good creep
performance is found, a survey of the operating creep mechanisms between high temperature
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and low stress creep through to low temperature, high stress creep will need to be performed, as
has been performed by Kovarik et al. in ME3 [160]. Areas of weakness will then be examined,
in order to gain insight with the aim of improving the micro mechanisms of deformation.
The initial fatigue results are very promising, in that no fatigue–oxidation interaction is in-
dicated so far. Further work, including slow strain rate tensile testing and strain control dwell
fatigue crack growth experiments, should investigate this further.
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